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1.0 INTRODUCTION

The performance of materials depends on their properties. The
properties in turn depend on the atomic structure, composition, microstruc-
ture, defects, and interfaces, which are controlled by thermodynamics and
kinetics of the synthesis. A current paradigm of synthesizing and processing
of advanced materials emphasizes the tailored assembly of atoms and
particles, from the atomic or molecular scale to the macroscopic scale.
Nanostructured materials, often characterized by a physical dimension
of 1–100 nm (such as grain size) and a significant amount of surfaces and
interfaces, have been attracting much interest because of their demon-
strated or anticipated unique properties compared to conventional materi-
als. Nanostructured materials can be made by attrition of parent coarse-
grained materials using the top-down approach from the macroscale to the
nanoscale, or conversely, by assembly of atoms or particles using the
bottom-up approach. The control of arrangement of atoms from the nanoscale
to the macroscale is indeed the strength of materials chemistry. Therefore,
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it is not surprising that increasing attention has been paid to the chemical
synthesis and processing of nanostructured materials.[1]–[8]

Chemical reactions for material synthesis can be carried out in the
solid, liquid, or gaseous state.[9] The more conventional solid-state syn-
thetic approach is to bring the solid precursors (such as metal oxides or
carbonates) into close contact by grinding and mixing, and to subsequently
heat treat this mixture at high temperatures to facilitate diffusion of atoms
or ions in the chemical reaction. The diffusion of atoms depends on the
temperature of the reaction and grain boundary contacts. The transport
across grain boundaries is also affected by impurities and defects located
there. The mixing and grinding steps are usually repeated throughout the
heat cycle, and generally involve a great deal of effort to mix materials at
the nanoscale and also to prepare fresh surfaces for further reactions. For
systems that do not contain means to inhibit grain growth (such as grain
growth inhibitors and immiscible composites), grain growth at elevated
temperature reactions leads to solids with large grain size.

Compared to solid-state synthesis, diffusion of matter in the liquid
or gas phase is typically and advantageously many orders of magnitude
larger than in the solid phase, thus the synthesis of nanostructured materials
can be achieved at lower temperatures. Lower reaction temperatures also
discourage detrimental grain growth. Many materials can be synthesized in
aqueous or nonaqueous solutions. For example, water is one of the best
known and most common solvents. There are three general classes of
aqueous reactions: acid/base reaction, precipitation, and reduction/oxida-
tion (redox). In basic chemistry terms, starting materials of a chemical
reaction are called the reactants and the material to which the reactants are
converted the products. The reactants can be solids, liquids, or gases in any
combination, in the form of single elements or multi-component com-
pounds. A multi-element compound is usually called a precursor. In a
precursor, the components of the final product are in a “mixture” with
atomic scale mixing. Many precursors can be prepared by precipitation
reactions. In precipitation reactions, solutions of two or more electrolytes
are mixed and an insoluble precipitate or a gelatinous precipitate forms.

In chemical synthesis of materials, one should always use
caution when handling reactants and precursors, reaction by-products and
post-reaction wastes, particularly when complex and hazardous chemi-
cals are involved. Special procedures may be required to remove any
entrapped impurities from the products and to avoid post-synthesis con-
tamination. Although many laboratory-scale reactions can be scaled up to
economically produce large quantities of materials, the laboratory-scale
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reaction parameters may not be linearly related to that of large-scale
reaction. The synthesis parameters such as temperature, pH, reactant
concentration, and time should be ideally correlated with factors such as
supersaturation, nucleation and growth rates, surface energy, and diffusion
coefficients, in order to ensure the reproducibility of reactions.

Chemistry is based on the manipulations of atoms and molecules,
and indeed has a very long history in the synthesis of materials comprising
nanostructures. The fields of colloids and catalysts are such examples. The
recent popularity of “nanoscience” not only revitalized the use of many
“old” chemical methods, but also motivated many “new” and “modified”
ones to be continually developed for the synthesis of nanostructured
materials. The scope of chemical synthesis and processing of nanostructured
materials is very wide, spanning structural, optical, electronic, magnetic,
biological, catalytic, and biomedical materials. In this chapter, a compre-
hensive review of every aspect of this field is not possible. An overview of
chemical synthesis and processing of nanostructured particles, films, and
coatings is given, with selected examples of metals, ceramics, and hybrid
materials. The chapter is organized according to the classes of materials and
types of synthetic approaches. However, due to the fact that many advanced
materials are hybrid and are prepared using multidisciplinary techniques,
clear distinction is not always possible. Interested readers are encouraged
to consult the cited references,[1]–[8] archival journals,[10] and conference
proceedings[11] for further details.

2.0 PARTICLES

2.1 Nucleation and Growth

The synthesis of particles in a solution occurs by chemical reac-
tions that result in the formation of stable nuclei and subsequent particle
growth. The term precipitation is often used to describe this series of
events. The reactants are introduced frequently as solids or liquids, and
sometimes as gases, in aqueous or nonaqueous solvents that can have a wide
range of dielectric constants. The phenomenon of precipitation of solids in
solution has been well studied.[12][13] Elemental or multicomponent par-
ticles can be precipitated. When a multicomponent material is desired,
special attention is required to control co-precipitation conditions in order

Section 2.0 - Particles
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to achieve chemical homogeneity of the final product. This is because
different ions often precipitate under different conditions of pH and
temperatures, and have different solubility product constants.

Upon addition of reagents such as reducing or oxidizing agents to
the solution containing the reactants, chemical reactions occur and the
solution becomes supersaturated with the product. The supersaturation
drives the chemical system to a far departure from the minimum free energy
configuration. The thermodynamics equilibrium state of the system is
restored by condensation of nuclei of the reaction product. Two types of
nucleation can occur. Homogeneous nucleation does not involve any
foreign species as nucleating aids. Heterogeneous nucleation, on the other
hand, allows the formation of nuclei on foreign species.

Kinetic factors compete with the thermodynamics of the system in
a growth process.[14] Kinetic factors such as reaction rates, transport rates
of reactants, accommodation, removal, and redistribution of matter com-
pete with the influence of thermodynamics in particle growth. The reaction
and transport rates are affected by concentration of reactants, temperature,
pH, the order in which the reagents are added to the solution, and mixing.
The structure and crystallinity of the particle can be influenced by reaction
rates and impurities. Particle morphology is influenced by factors such as
supersaturation, nucleation and growth rates, colloidal stability, recrystal-
lization, and the aging process. Generally, supersaturation has a predomi-
nant influence on the morphology of precipitates. At low supersaturation,
the particles are small, compact, and well-formed, and the shape depends
on crystal structure and surface energies. At high supersaturation levels,
large and dendritic particles form. At even larger supersaturation, smaller
but compacted, agglomerated particles form.[13] The growth in solution is
interface-controlled when the particle is small; after reaching a critical size,
it becomes diffusion-controlled.[15]

2.2 Stable Dispersion and Agglomeration

In a supersaturated solution when the nuclei form at nearly the same
time, subsequent growth of these nuclei results in formation of particles
with a very narrow size distribution, provided that secondary nucleation
does not occur later.[16] Homogeneous nucleation as a single event requires
the use of proper concentrations of reagents. Foreign nuclei should be
removed before reaction to prevent heterogeneous nucleation that may
otherwise result in a wide size distribution of particles. This narrow size
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distribution can be maintained as long as agglomeration and Ostwald
ripening of particles in solution does not occur. The formation of stable
colloids and dispersion of agglomerated particles have been extensively
investigated.[17] The terms colloids and sols refer to the dispersion of
particles (with particle sizes less than 100 nm) within a continuous fluid
matrix. The ultrafine particles approach and then separate from each other
by Brownian motion, and as a result, settling of particles out of solution does
not occur. It should be noted that random agglomeration between particles
may still occur by Brownian motion. Agglomerates or particles larger than
100 nm tend to settle out of solution.

In aqueous solvents, particles that possess a surface oxide layer or a
hydrated surface may become charged under appropriate conditions. Electro-
static repulsion, with a force proportional to the inverse of second power of
separation distance, occurs between two particles carrying the same charge.
The attractive van der Waals force is proportional to the inverse of the
distance with an exponent of 3–6. The net attractive or repulsive force
between the particles in such a suspension is the sum of the electrostatic
repulsion and the attractive van der Waals forces. The DLVO theory
(Derjaguin, Landau, Verwey, and Overbeek) describes the effects of attrac-
tion and repulsion of particles as a function of separation distance.[18] On the
DLVO plot of potential energy vs the separation distance of particles, there
exists a positive potential energy peak, which separates the negative potential
energy of primary minimum and secondary minimum. The height of the
potential energy peak must be ≥ 25 millivolts (corresponding to the thermal
energy of Brownian motion at 20°C) at ambient conditions, in order for a
dispersion of particles to be stable. In an appropriate solvent, an electric
double layer is formed surrounding the particle. The stable distance of particle
separation depends not only on the charges of the particles, but also the
concentration of other ions in the diffuse region of the double layer. When
there is a sufficient number of such ions or ions with multiple charges in the
diffuse layer, the charge repulsion will be neutralized. The collapse of the
double layer leads to particle contacts and agglomeration.[18]

Nanostructured particles possess large surface areas and often
form agglomerates as a result of attractive van der Waals forces and the
tendency of the system to minimize the total surface or interfacial energy.
Coagulation refers to the formation of strong, compact aggregates (corre-
sponding to the primary minimum on the DLVO plot of potential energy vs
particle separation), and flocculation refers to the formation of a loose
network of particles (corresponding to the secondary minimum on the

Section 2.0 - Particles
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DLVO plot). Agglomeration of particles can occur during any of the
following stages: synthesis, drying, handling, and processing. In many
applications and processing where dispersed particles or stabilized disper-
sions are required, undesirable agglomeration in each synthesis and pro-
cessing step must be prevented. To produce unagglomerated particles,
surfactants can be used to control the dispersion during chemical synthesis,
or disperse as-synthesized agglomerated fine particles.

A surfactant is any substance that lowers the surface or interfacial
tension of the medium in which it is dissolved. A surfactant is a surface-
active agent that needs not be completely soluble and may decrease surface
or interfacial tension by spreading over the surface. It has an amphipathic
structure in that solvent, i.e., a lyophobic (solvent repulsive) and lyophilic
group (solvent attractive). Surfactants are classified as anionic, cationic,
zwitterionic (bearing both positive and negative charges), or non-ionic
(bearing no charges). Surfactant effectiveness is measured by the maximum
reduction in surface or interfacial tension by the surfactant, whereas,
surfactant efficiency refers to the surfactant concentration that is needed to
reduce the surface or interfacial tension by a certain amount from that of the
pure solvents. For example, water and oil can be dispersed in each other if
a suitable surfactant is used to stabilize the microemulsion. The surfactant
establishes itself at and defines the boundary between the two liquids. The
relative quantity of a surfactant determines the amount of surface that can
be covered and, therefore, the extent to which the size and number of
droplets of one liquid is dispersed in the other. When the major component
is apolar (oil), the dispersion is one in which the water (polar) phase forms
the droplets or reverse micelles. The polar head group of the surfactant is
pointing inward toward the water phase while the hydrocarbon tail is
pointing outward into the oil phase. The radius of the water droplet is related
to the amount of water and surfactant. Figure 1 shows some examples of
surfactant membrane structures.

Repulsive interparticle forces are needed to prevent the particles
from agglomeration during synthesis. A common method is to disperse the
particles by electrostatic repulsion resulting from the interactions between
the electric double layers surrounding the particles. This can be achieved by
adjusting the pH of the solution or adsorbing charged surfactant molecules
on the particle surfaces. Such stabilization is generally effective in dilute
systems of aqueous or polar organic media, and is very sensitive to the pH
and effects of other electrolytes in the solution. At the isoelectric point, the
pH where the particles have no net surface charges, agglomeration may
occur. The isoelectric point varies for different materials.
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In most nonaqueous solvents without significant ionization, elec-
trostatic repulsion has a lesser contribution to stabilization of particles.
Another stabilization approach involves the steric forces produced by
adsorbed surfactant on particle surfaces. The lyophilic, non-polar chains of
surfactant molecules extend into the solvent and interact with each other.
The interactions of non-polar chains have much less van der Waals
attraction and provide a steric hindrance to interparticle approach. For
optimized steric stabilization, the size of surfactant molecules must be large
enough to be a barrier without entangling each other. When the particles
approach one another, the stretched-out lyophilic chains of the adsorbed

Figure  1. Examples of self-assembled surfactant membrane microstructures.  The range
of diameter: 5–100 nm for micelles and microemulsions, 100–800 nm for multilamellar
vesicles, and 30–60 nm for single bilayer vesicles.  Vesicle bilayers can be polymerized.

Section 2.0 - Particles
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surfactant are forced into a smaller spatial confinement. This interaction
leads to a thermodynamically unfavorable decrease of the entropy of the
system, thus, the particles will be prevented from approaching each other
by this entropic repulsion. Entropic stabilization becomes even more stable
when the temperature of the dispersion is increased. Steric stabilization can
occur in the absence of electric barriers and is effective in both aqueous and
nonaqueous media. It is also less sensitive to impurities or trace additives
than electrostatic stabilization and is particularly effective in dispersing
high concentrations of particles.

Dry, high-surface-area powders agglomerate by van der Waals
forces and hydrogen bonds. When these agglomerates need to be used in a
dispersed form during subsequent processing, deagglomeration can be
achieved by breaking the agglomerates using methods such as milling or
ultrasonication in an appropriate solvent containing a suitable surfactant for
dispersion.[19] The deagglomerated powders may then be carried out in a
liquid for further processing such as injection molding and polymer-based
casting.

2.3 Metals, Intermetallics, Alloys, and Composites

Fine metal particles are used in electronic and magnetic materials,
explosives, catalysts, pharmaceuticals, and in powder metallurgy. In chemical
synthesis of metal powders, many reducing agents such as sodium formate,
formic acid, borohydride, sodium hydrosulfite, and hydrazines can be used
in aqueous and nonaqueous media. Because of high reactivity of nanostruc-
tured metals due to the large surface area, special care must be taken during
washing, filtering, and drying of nanostructured powders to avoid hydroly-
sis or oxidation.

Aqueous Methods. Water has a high permittivity which makes it
a good solvent for polar or ionic compounds. Therefore, many chemical
reactions take place in aqueous media. Precious, elemental metal powders
for electronic applications can be prepared by adding liquid reducing agents
to aqueous solutions of respective salts at adjusted pH.[20] Nanostructured
amorphous alloys, or crystalline alloys, and composites can also be pre-
pared using aqueous chemistry. For example, aqueous potassium borohy-
dride reduction was used to make ultrafine amorphous Fe-Co-B alloy
powders for applications in ferrofluids and magnetic memory systems.[21]

The amorphous phase was formed when the reaction was carried out below
the glass transition temperature and stabilized by a high concentration of
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boron atoms. The reaction medium often dictates the kind of product(s)
formed. When sodium borohydride was used to prepare Co-B alloy, the
solvent had an important role in determining the final product. In the
aqueous case, nanoscale Co2B particles were the primary product,[22]

whereas, in the nonaqueous reduction of Co ions in diglyme, nanostructured
Co particles were formed.[23] Aqueous and nonaqueous borohydride reduc-
tion were also used to synthesize nanoparticles of Fe, FeB and Fe2B.[24]

Metastable phases can be formed by fast kinetics in a chemi-
cal reaction. For example, iron and copper are immiscible in the equilib-
rium state. Metastable alloys of Fe-Cu can be synthesized using far-
from-equilibrium processing techniques such as vapor phase quenching or
mechanical alloying. Nanocrystalline FexCu100-x (x is at%) alloys and
composite powders were synthesized by reducing aqueous solutions of
ferrous chloride and cupric chloride (in various molar ratio) by sodium
borohydride solution.[25] The reaction was carried out at room temperature
with stirring for only 5 min. The ratio between Fe and Cu atoms was very
close to that in the original aqueous solutions. When x = 40, only fcc
metastable alloys were formed. At higher Fe concentration such as x about
70, phase separation of fcc-Cu and bcc-Fe took place. The formation of
Cu2O was observed and its concentration scaled with that of Cu. The
powders were agglomerates of nanocrystallites. The crystallites were
between 30 to 45 nm for alloys, and between 10 to 15 for Fe and 30 to 40
nm for Cu in the composites. As-synthesized alloys were magnetically soft
with coercivities ranging from 10 to 40 Oe, due to the lack of nearest
neighbors interaction in solid solutions. As-synthesized composite pow-
ders had coercivity as high as 400 Oe. The formation of crystalline phases
was controlled by decreasing the boron concentration in the powders when
a higher molarity of borohydride was used in the reaction.

Another example is the Co-Cu systems that form terminal solid
solutions. Nanostructured CoxCu100-x  powders were synthesized by sodium
borohydride reduction of aqueous cobalt and cupric chloride solutions.[26]

As-synthesized powders were a mixture of fcc and amorphous phases. The
concentration of amorphous phase increased with the ratio of Co/Cu. The
annealed powders phase separated to fcc-Co and fcc-Cu at about 500°C.
Annealing led to significant surface sintering and some grain growth (grain
size about 30 to 40 nm), and boron impurity was found to segregate at
surfaces of sintered powders. The coercivity behavior of the powders,
similar to that of nanostructured Co-Cu films prepared by annealing
sputtered alloy films, increased with annealing temperature to a maximum
of 620 Oe.

Section 2.0 - Particles
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Although the aqueous approach to making metal powders is not
new, its use in the synthesis of nanoscale metal powders requires special
attention to avoid undesirable contaminated products. Impurities such as
salts and other reaction by-products may not be completely removed, even
by repeated washing procedures, if they are entrapped inside the particles
or agglomerates during a fast and ill-controlled reaction. Washing to
remove soluble salts may result in hydrolysis and oxidation of metal
particles. Subsequent drying often requires vacuum-assisted procedures to
avoid oxidation.

Nonaqueous Methods.  Many reactants and reducing agents used
in aqueous synthesis of nanoscale metal particles can also be used in
nonaqueous solvents for the same purpose. For example, sodium borohy-
dride can be used to reduce copper chloride in tetrahydrofuran (THF) to
prepare nanostructured Cu particles. Similar to the aqueous approach,
residual salts need to be removed from the product. A nonaqueous synthesis
method known as the polyol process has been used to make finely dispersed
single elemental metallic particles such as Cu, Ni, and Co in the micron and
submicron size range.[27] In this method, precursor compounds such as
oxides, nitrates, and acetates are either dissolved or suspended in ethylene
glycol or diethylene glycol. The mixture is heated to reflux between 180°C
and 194°C. During the reaction, the precursors are reduced and metal
particles precipitate out of solution. Submicron size particles can be
synthesized by increasing the reaction temperature or inducing heteroge-
neous nucleation via adding foreign nuclei or forming foreign nuclei in-situ.
The reaction temperature affects the nucleation and growth in the produc-
tion of submicron gold particles.[28] A higher temperature favored the
nucleation step and this, in turn, favored the monodispersity of particles
when more nuclei  were formed. Nanocrystalline powders such as Fe, Co,
Ni, Cu, Ru, Rh, Pd, Ag, Sn, Re, W, Pt, Au, Fe-Cu, Co-Cu, and Ni-Cu were
also synthesized using this method[29]–[36] with different salt precursors. In
many cases, the use of nucleating aids to assist the formation of nanoparticles
was not required.[29]–[33] Figure 2 shows the relationship of average particle
size and refluxing temperature of various powders and films synthesized by
the polyol method.

For example, nanostructured powders of CoxCu100-x (4 ≤  x  ≤  49
at%)[31][32] were synthesized by reacting cobalt acetate tetrahydrate and
copper acetate hydrate in various proportions in ethylene glycol. The
mixtures were refluxed at 180–190°C for 2 h. The powders precipitated out
of solution, and were subsequently collected and dried. The reaction rate
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was slower and the reaction time was much longer than that of the aqueous
borohydride reduction for Co-Cu synthesis discussed above.[26] In this case,
slower kinetics did not favor formation of a metastable solid solution. Since
Cu was more reducible than Co, nucleation of Cu occurred first, and Co
subsequently nucleated on Cu crystallites. X-ray diffraction, often
conventionally used to study alloy formation, showed some evidence to
suggest that metastable alloys could have formed. Diffraction peaks due to
fcc Cu were detected in all samples with different copper concentrations,
but Co diffraction peaks were not detected until x = 19 at%. To confirm the
structure of powders, studies of the local atomic environment were per-
formed using extended x-ray absorption fine structure (EXAFS) spectros-
copy and solid-state nuclear magnetic resonance (NMR). The results from
these investigations and vibrating sample magnetometry (VSM) ruled out
the formation of metastable alloys, but confirmed the synthesis of
nanocomposites of Co-Cu. The powders were agglomerated (Fig. 3), as in
the case of powders prepared using aqueous borohydride.

Figure  2. Average particle size vs processing temperature for some metals  prepared using
the polyol method.

Section 2.0 - Particles
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The polyol method has also been shown as a useful preparative
technique for the synthesis of nanocrystalline alloys and bimetallic clus-
ters.[37]–[39] Nanocrystalline Ni25Cu75 powders with grain size of 8 nm was
prepared by reducing acetates of nickel and copper in ethylene glycol
without nucleating agents.[29][33] The diffraction peaks of Ni25Cu75 fol-
lowed Vegard’s law of solid solution. Nickel clusters were prepared using
Pt or Pd as nucleation agents.[34] The nucleating agent was added 10 minutes
after the nickel-hydroxide-PVP-ethylene glycol solution began refluxing.
The Ni particle size was reduced from about 140 nm to 30 nm when a
nucleating agent was used. Reduction of particle size was also obtained by
decreasing the nickel hydroxide concentration and by the use of PVP.
Nickel prepared without nucleating agents had an oxidation temperature of
370°C. Smaller nickel particles synthesized with nucleating aids oxidized
at a lower temperature of 260°C, as expected from the higher surface area
of finer particles. Desorption studies showed the adsorbed surface species
were CO moieties and H2O, and nitrogen–containing species were not
observed. This indicated that ethylene glycol, not the polymer, was adsorbed
on the surface of particles. The ethylene glycol had only a half monolayer
coverage. When this protective glycol was completely removed from the
surface, oxidation occurred. The Ni-Pd and Ni-Pt particles had a 7–9 nm
Pd nucleus and a 6–8 nm Pt nucleus, respectively. Oxidation studies

Figure  3. A TEM (transmission electron microscopy) micrograph of CoCu powders
synthesized by the polyol method.
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showed that some alloying of Ni with Pt occurred. Cobalt nickel alloys
of 210 to 260 nm particle sizes were also prepared using either silver or iron
as nucleating agents.[35][36] The CoNi alloy particles had densities and
saturation magnetizations close to the bulk values, and showed a shift to
higher resonance frequencies as the Co/Ni increased. This was also ob-
served in the Fe-Co-Ni particles[36] that were 50–150 nm in size.

Polymer protected bimetallic clusters were also formed using a
modified polyol process.[37]–[39] The modification included the addition of
other solvents and sodium hydroxide. In the synthesis of Cu/Pt or Cu/Pd
which had average diameters between 1–2 nm, copper sulfate, PVP, and
ethylene glycol were mixed with either palladium acetate in dioxane or
chloroplatinic acid in water. Sodium hydroxide was also added to the glycol
solution. The glycol and organic solvents were removed from solution by
acetone or filtration. It was found that PVP did not protect the Cu particles
from agglomeration and clusters were not formed. The Cu particles had
sizes ranging from 3–250 nm. In the case of platinum group metals,
monodispersed cluster formation was reported. Monodispersed clusters of
Cu/Pt or Cu/Pd were formed, and Pt or Pd was found on the surface of
clusters. The bimetallic clusters had a single catalytic activity and selectiv-
ity over monometallic species for the same catalytic reaction. For example,
when Cu/Pd clusters were used as catalysts in hydration of acrylonitrile, the
only product detected was acylamide, and cyanohydrin was not formed.
This showed a 100% selectivity for amide formation using this bimetallic
catalyst, whereas Pd clusters showed no catalytic activity for the same
reaction.

Compared to aqueous methods, the polyol approach resulted in the
synthesis of metallic nanoparticles protected by surface adsorbed glycol,
thus minimizing the oxidation problem. The use of a nonaqueous solvent
such as the polyol also further reduced the problem of hydrolysis of fine
metal particles that often occurred in the aqueous case.

Sonochemical Methods. Ultrasound has been used in chemical
synthesis of nanostructured materials. High energy sonochemical reac-
tions, without any molecular coupling of the ultrasound with the chemical
species, are driven by the formation, growth and collapse of bubbles in a
liquid. This acoustic cavitation involves a localized hot spot of tempera-
ture of about 5000 K, a pressure of ~1800 atm and a subsequent cooling
rate of about 109 K/sec, due to implosive collapse of a bubble in the
liquid.[40] Generally, volatile precursors in low vapor pressure solvents are
used to optimize the yield. Ultrasonic irradiation is carried out with an
ultrasound probe, such as a titanium horn operating at 20 kHz.

Section 2.0 - Particles



16 Chapter 1 - Chemical Synthesis and Processing

Nanostructured particles for catalytic applications were
sonochemically synthesized using volatile organometallic precursors.[41]

These powders had a surface area which was over a hundred times greater
than powders commercially available. The sonication was typically carried
out for 3 h at different temperatures in inert argon atmosphere. For example,
3–8 nm amorphous iron particles on silica support were synthesized at
20°C from iron pentacarbonyl [Fe(CO)5], decane and silica gel. Porous
aggregates of 10–20 nm particles of Fe-Co alloys were prepared at 0°C
from Fe(CO)5, Co(CO3)(NO) and decane. Porous aggregates of 2 nm Mo2C
particles were obtained by heat treating the precursor powders
sonochemically synthesized from molybdenum hexacarbonyl and
hexadecane at 90°C. These high-surface area nanostructured materials
were active heterogeneous catalysts for hydrocarbon reforming and CO
hydrogenation. The use of volatile carbonyl compounds requires the use of
equipment that handles air-sensitive chemicals.

A conventional coarse-grained intermetallic such as MoSi2 is limited
by its brittleness at normal environmental temperatures, despite its attractive
properties such as low density, high temperature strength and oxidation
resistance. Nanostructured intermetallics offer promising potentials such as
improved ductility, strength and fracture toughness. Co-reduction of MoCl5,
SiCl4, and NaK alloys in hexane was carried out sonochemically to synthesize
precursor powders of MoSi2.

[42] Enhanced mixing and reactions of the
reactants of heterogeneous mixtures were achieved by ultrasound irradiation.
Instead of a few days that are conventionally taken for such reaction, the
ultrasound-driven synthesis can be completed in a few hours. The precursor
powders were then annealed in a low vacuum at 900°C to sublime impurities
of NaCl and KCl, and to form nanocrystalline MoSi2 particles. Both low and
high temperature phases of MoSi2 were present. The crystallite size was in the
range of 16–31 nm, depending on the time of heat treatment. These powders
were consolidated using hot pressing and hot isostatic pressing under various
conditions. Although nanoscale grain size was retained without significant
grain growth during consolidation, a significant amount of porosity (about
20%) persisted. The microhardness and compression strength of consoli-
dated samples were  higher than coarse-grained materials. However, perhaps
due to high porosity, improvement of low temperature ductility was not
observed. It was noted that scaling up the powder production from a 5 g-batch
to a larger quantity resulted in incorporation of Si-deficient impurity phases
of silicides. It was suggested that impurities were formed because of
incomplete mixing in the larger batch solution. This example showed that,
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in chemical synthesis of materials, parameters for production of a large
quantity may not be linearly scaled with that used for a smaller quantity.

Precursor Methods. As previously described, the conventional
approach to making alloys and composites is to first grind and mix the solid
precursors using some mechanical means, and then carry out appropriate
chemical reactions to obtain final products. The communition and mixing
in solid state are generally limited to submicron level. Consequently,
material diffusion in chemical synthesis is limited to this spatial scale,
which has a direct influence on the time and temperature of reactions and
the final chemical homogeneity of the product. With great efforts such as
high energy milling, solid state mixing of constituents at the atomic scale
is possible. If the precursors can be mixed at the atomic level, the synthesis
reactions can be carried out at shorter times and reduced temperatures due
to the shorter distance for material diffusion. Intimate contact of constitu-
ents at the atomic scale also provides a better means to control the
stoichiometry and homogeneity of the final product. These advantages are
the motivation for synthesizing precursor materials which have the con-
stituents as atomic neighbors (for example, as in a compound). These
precursors are subsequently subjected to thermo-chemical reactions to
synthesize alloys and composites with improved properties compared to the
same materials obtained by traditional solid state reactions.

Organometallic Methods. An organometallic compound is one
which has a direct metal to carbon bond. Advantages of using organome-
tallic compounds are that precursors can be made that have the constituents
in molecular proximity to each other and that can be decomposed at
relatively low temperatures to form the final product desired. These
reactions can be used in fine chemical synthesis. The biggest disadvantage
of this approach is that most of the reactions involve air sensitive reactants
as well as the final precursor, therefore, the glove box or schlenck line
techniques must be used. Because of the air-sensitive nature of some of the
reactants, greater care must also be taken in preparation of solvents and the
choice of atmospheres. Generally, organometallic routes produce only
small amounts of material.

There has been a renewed interest in the synthesis of magnetic
nanoclusters with unique properties such as enhanced magnetization.[43]

Cobalt nanoclusters has been prepared by reduction of organometallic
compounds of Co(n3-C8H13)(n4-C8H12) in hydrogen and in the presence of
PVP.[44] Dried colloids were non-interacting superparamagnetic particles
with enhanced magnetization relative to that of bulk value. By varying the
decomposition temperature, the size of particles could be controlled.

Section 2.0 - Particles
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Organometallic precursors were also used to prepare other colloidal metals
with a variation of size and structure. For example, cuboctahedral and
icosahedral platinum nanoparticles of 1.2–1.5 nm were stabilized by CO,
CO and THF, or CO, PPh3 and THF.[45] Using CO alone or with THF
stabilized the cuboctahedral structure. When the phosphine ligand was also
incorporated into the synthesis, the icosahedral structure resulted.

Multicomponent materials can be prepared using precursors syn-
thesized from solution chemistry. For example, conventional M50 steel
(with a typical chemical composition of 4.5% Mo, 4.0% Cr, 1.0% V, 0.8%
C, and balance of Fe, in wt%) is extensively used as main-shaft bearings in
aircraft gas turbine engines because of its good resistance to wear and
tempering, and rolling contact fatigue. The large carbide particles in these
materials serve as the fatigue crack initiation sites. Nanostructured M50
steel materials with smaller carbides and grain size are expected to have
enhanced properties because of the reduction of flaw size of carbides and
matrix grain size. Nanoscale precursor powders of M50 type steel for
bearing applications have been chemically synthesized by either ther-
mal decomposition of organometallic precursors or co-reduction of metal
halides.[46][47] Thermal decomposition of Fe(CO)5, Cr(EtxC6H6-x)2,
Mo(EtxC6H6-x)2, and V(CO)6 was carried out in decalin. In co-reduction,
sodium borohydride or lithium triethyl borohydride was used to reduce
FeCl3, MoCl3, CrCl3, and VCl3 in THF. Impurity by-products such as NaCl
or LiCl were  removed by sublimation at about 950°C and 700°C, respec-
tively. The thermal decomposition of organometallic precursors was easier
and more cost efficient to scale up for the production of large quantities of
these precursor powders, and it did not produce residual impurities that
would require removal at higher temperatures prior to powder consolida-
tion. The structural and microstructural developments of the powders were
controlled by subsequent consolidation such as hot pressing or hot-isostatic
pressing. During consolidation, amorphous precursor powders transformed
to nanocrystalline M50 type structure with precipitation of carbides, and,
simultaneously, pressure–assisted sintering and densification of powders
occurred.

The consolidated bulk samples, obtained by hot pressing the
amorphous precursor powders between 700°C and 850°C at 275 MPa for
0.5 to 2 h, comprised a matrix of α-Fe with a grain size ranging from 5 to
70 nm and clusters of 10 nm Mo2C precipitates. Large precipitates of about
100 nm were located at the triple point grain boundaries of smaller matrix
grains. Smaller carbide precipitates within large matrix grains had little
effect on preventing grain growth. The consolidation results, using hot
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pressing and hot isostatic pressing, indicated that increasing pressure and
pressing temperature did not have significant effect on reducing the density
of porosity (about  5%) in all samples. Both normal and abnormal grain
growth of matrices and precipitates occurred with increasing temperature.
The retention of nanostructures in powder consolidation of multicompo-
nent engineering materials with full density at a practical pressure range
remains challenging. Preliminary mechanical properties of nanostructured
M50 compacts showed improved hardness and yield strength.[48]

Nanostructured powders of Ni/Cr alloys for wear and corrosion
resistance applications were prepared using chemical precursors. Reduc-
tive decomposition of an organic solution of metal chloride by sodium
triethylborohydride led to coprecipitation of nanoscale mixed powders of
Ni and Cr. These amorphous powders were subsequently annealed at about
300°C to form nanocrystalline Ni/Cr alloy powders with grain size between
10 to 18 nm. When the precursor powders were washed in deoxygenated
water to remove by-product of NaCl, the formation of Ni-Cr2O3 powders
was observed after heat treatment. The oxidation of Cr was believed to be
caused by reactions involving chemisorbed O-H groups of water on powder
surfaces. When the precursor powder surface was passivated by deoxygen-
ated mineral oil before washing, oxidation of Cr did not take place during
heat treatment. It was suggested that a protective surface carbide due to
chemisorbed C-H groups from the mineral oil was formed. Carburization
of precursor powders in methane at about 880°C resulted in formation of
nanostructured Ni-Cr3C2 cermet powders. The grain size of Ni and Cr3C2

was 18 and 30 nm, respectively.[49]

Refractory carbide composites for cutting and drilling tools and wear
parts such as WC-Co were prepared using a precursor approach. The
precursor Co(ethylenediamine)3WO4 was synthesized by aqueous precipi-
tation of CoCl2 and H2WO4 in ethylenediamine. Nanoporous and nanophase
W-Co powders were obtained by reductive decomposition. Carburization
using CO2-Co gas converted W-Co to WC-Co powders.[50] Homogeneous
molecular precursor powders containing W and Co mixed on the atomic
scale were also synthesized by aqueous coprecipitation of sodium tungstate
[(NH4)2WO4] or ammonium metatungstate [(NH4)6(H2W12O40)] with am-
monium salts of di-cobalt anion [(H2Co2W11O40)

8-].[51] The synthesized
precursor salt [(NH4)8(H2Co2W11O40)] was subsequently reduced in H2 and
carburized in a mixture of H2/CH4 to obtain WC-Co cermet powders, with
particle sizes of 70–300 nm. After the powders were sintered, grain growth
led to the final microstructures of 0.5 µm.

Section 2.0 - Particles
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2.4 Ceramics

Chemical methods such as precipitation[2][52] and sol-gel process-
ing[4][53]–[55] can be used to synthesize nanostructured ceramic powders. As-
synthesized powders, depending on the synthesis technique used, may
require subsequent heat treatment for dehydration, removal of organics,
and controlled crystallization to form oxides with desirable structure and
crystallite size.

Hydrolysis. Generally, precipitation from solution involves the
formation of an insoluble hydroxide which can then be converted to its
oxide by heat-assisted dehydration. Chemical techniques for production of
monodispersed colloidal particles (with particle size larger than submi-
cron) has been extensively investigated.[56] For example, metal (hydrous)
oxide particles were synthesized by forced hydrolysis involving controlled
deprotonation of hydrated cations. Coated colloidal particles can also be
prepared using forced hydrolysis. By controlling hydrolysis of aluminum
salts where solute complexes were formed instead of precipitation, par-
ticles such as hematite, chromia, and titania were coated with a layer of
aluminum (hydrous) oxide.[57] The deposition of coating occurred by
surface precipitation, which was controlled by available surface area of
particle substrate and concentrations of complexes forming the coating.
The thickness of coating was varied by mass parameters and reaction time
of the process.

Hydrothermal. In hydrothermal techniques, the reaction mixture
is heated above the boiling point of water in an autoclave or other closed
system and the sample is exposed to steam at high pressures. The precipi-
tation of zirconia under hydrothermal conditions yields powders that
have a narrow size distribution and a controllable composition and
morphology.[58] Hydrothermally treated Zr(SO4)2 at 250°C in the presence
of either MgSO4 or (NH4)2SO4 led to the formation of acicular monoclinic
zirconia. The zirconia particles have particle dimensions of 0.3 to 1.3
microns in length and 0.1 to 0.2 microns in width.

Sol-Gel Methods. Sol-gel processing is not a new technique. As
early as the mid 1800s, it was reported that silicon tetrachloride, when left
standing in an open container, hydrolyzed and turned into a gel.[59][60] After
this time, biologists did much of the work with gels and colloids. In the early
1930s, aerogels were discovered.[61] Since the 1950s, sol-gel techniques
have been used for phase equilibrium studies which opened up the field of
ceramics.[62]–[65]
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Sol-gel processes can be used to prepare a variety of materials,
including: glass, powders, films, fibers, and monoliths. Traditionally, sol-
gel process  involves hydrolysis and condensation of  metal alkoxides.
Metal alkoxides have the general formula M(OR)x and an alkoxide ion is the
conjugate base of an alcohol. The general synthesis of metal alkoxides
involves the reaction of metal species (a metal, metal hydroxide, metal
oxide, or metal halide) with an alcohol. Metal alkoxides are good precursors
because they readily undergo hydrolysis; that is, the hydrolysis step
replaces an alkoxide with a hydroxide group from water and a free alcohol
is formed.

Eq. (1) M(OR)x + H2O → M(OR)x-1(OH) + ROH

Once hydrolysis has occurred the sol can react further and condensation
(polymerization) occurs.

Eq. (2) 2M(OR)x-1(OH) → (RO)x-1M-O-M(OR)x-2OH + ROH

Eq. (3) 2M(OR)x-1(OH) → (RO)x-1M-O-M(OR)x-1 + H2O

It is these condensation reactions that lead to gel formation. In condensation
two hydrolyzed fragments join together and either an alcohol or water is
released (Eqs. 2 and 3). Condensation occurs by either nucleophilic
substitution or nucleophilic addition.

Factors that need to be considered in a sol-gel process are solvent,
temperature, precursors, catalysts, pH, additives, and mechanical agitation.
These factors can influence the kinetics, growth reactions, hydrolysis, and
condensation reactions.[55] The solvent influences the kinetics and confor-
mation of the precursors, and the pH affects the hydrolysis and condensa-
tion reactions. Acidic conditions favor hydrolysis, which means that fully
or nearly fully hydrolyzed species are formed before condensation begins.
Under acidic conditions there is a low crosslink density which yields a
denser final product when the gel collapses. Basic conditions favor conden-
sation reactions, therefore, condensation begins before hydrolysis is com-
plete. The pH also affects the isoelectric point and the stability of the sol.
These, in turn, affect the aggregation and particle size. By varying the
factors that influence the reaction rates of hydrolysis and condensation, the
structure and properties of the gel can be tailored.

Sol-gel routes can be used to prepare pure, stoichiometric, dense,
equiaxed, and monodispersed particles. For example, amorphous TiO2
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particles with average particle size of 0.07 to 0.3 µm were prepared by
controlled hydrolysis of titanium tetraisopropoxide.[66] Monodispersed
amorphous powders were synthesized using titanium tetraethoxide,
where only homogeneous single nucleation occurred without flocculation.
Depending on the reaction kinetics and subsequent post-synthesis aging of
particles derived by sol-gel, nanoscale oxide particles can be amor-
phous or crystalline. These nanostructured oxide particles can be carbur-
ized or nitrided to form non-oxide powders at reduced temperatures and
shorter reaction time due to the significant amount of highly active
surfaces.

For example, nanostructured AlN powders for thermal manage-
ment in electronics applications were synthesized by nitridation of oxide
precursor powders.[67][68] The oxide powders were prepared by hydrolysis
of aluminum tri-sec-butoxide at room temperature to favor precipitate
formation instead of gel formation. The dry precursor (AlOOH) powders
were calcined and subsequently nitrided in ammonia at temperatures up to
1100°C for 10 h. Since small particles favored the diffusion-controlled
nitridation kinetics, nanostructured AlN powders were synthesized at
temperatures of 400 to 600°C lower than that used in conventional
carbothermal nitridation or direct nitridation of large grained oxide or
aluminum powders. Nitride formation was favored when the oxide precur-
sor powders were either amorphous or highly disordered. Commercially
available nanocrystalline alumina powders could not be fully nitrided under
the same nitridation conditions used for the sol-gel derived amorphous
precursors. As-synthesized AlN powders were consolidated by pressure-
less sintering. Significant densification was observed for these nanostructured
AlN powders when compared to the sintering of commercial coarse-
grained AlN powder under the same conditions. This result is expected
from nanosized powders of high-surface area (specific surface area is
inversely proportional to the particle size). However, fully dense nano-
structured AlN bulk solids could not be obtained by pressureless
sintering due to adverse agglomeration of powders with a mixed pore
size. The agglomerated powders contained pores with a random size
distribution, and the largest of these pores hindered sintering to higher
density.

It should be noted that this sol-gel process is particularly
attractive for the synthesis of multicomponent particles with binary or
ternary compositions using double alkoxides (two metals in one mol-
ecule), or mixed alkoxides (with mixed metaloxane bonds between two
metals). Atomic homogeneity is not easily achieved by coprecipitating
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colloidal hydroxides from a mixture of salt solutions since it is
difficult to construct double metaloxane bonds from metal salts.[54]

Hybrid materials such as metal-oxide, organics-oxide can be prepared
using the sol gel approach. For example, controlled nanoheterogeneity
can be achieved in metal/ceramic nanocomposites.[69] A solution of
metal salt, (RO)3Si(CH2)3A (A is functional organic group) and Si(OR)4

was used in sol-gel processing. The ethylene diamine derivative such as
(RO)3Si(CH2)3NHCH2CH2NH2(DIAMO) was used to form stable com-
plexes with most transition metals. The complexation of metal ions and
anchoring of the resulting metal complexes to the oxide matrix took place. The
oxidation of the metal complex containing gels was then carried out at high
temperatures and resulted in formation of composites of nanoscale metal
oxide particles in an oxide matrix. Reduction of metal oxide particles in
hydrogen provided the metal-ceramic nanocomposite powders such as Cu
(< 5 nm) in silica. The metal particles, a few nanometers in size with a very
narrow size distribution even for high metal loading, were statistically
distributed in the oxide matrix without any agglomeration, as a result of
anchoring the metal complexes to the oxide matrix. The narrow particle size
distribution could not be achieved if the sol-gel processing was performed
without complexation of metal ions.

Hybrid organic-inorganic materials can also be prepared by sol gel
approach. These materials can be divided into three types:

1. Organics used to impregnate a porous oxide gel

2. Organics incorporated into the liquid sol-gel solution
and subsequently trapped in the oxide matrix after
gelation

3. Organics which react with the sol-gel precursors in
solution and subsequently form chemical bond to the
oxide after gelation[70]

Other nanostructured hybrid materials such as nanoconfined pro-
teins and enzymes were prepared by encapsulation of biomolecules in sol-
gel processing.[71] It was found that the dopant biomolecules served as
templates for the formation of self-specific pores around them. The stable
biomolecules were accessible to the external environment due to the porous
nature of the oxide matrix, and biorecognition of the hybrid materials was
feasible.

Multicomponent gels can be thermochemically converted to form
nanocomposite nitride powders. For example, a precomposite gel, prepared
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by reacting iron chloride hexahydrate, urea, boric acid in water under
strongly basic conditions at 150°C, was reacted in ammonia at 500°C to
obtain FexN/BN (x = 3 or 4) nanocomposite powder.[72] Similarly,
AlNxBN100-x (0 ≤ x ≤ 100) nanocomposite powders were synthesized by
pyrolysis of the precomposite gels (with aluminum chloride hexahydrate as
Al source) in ammonia.[73] The compositional and thermal effects on these
AlN-BN nanocomposite powders were studied.[74] It was found that BN
was amorphous when its concentration was below 35 mol%. For higher BN
concentrations, mixtures of amorphous and turbostratic-BN were ob-
served. Annealing the powders led to a more ordered hexagonal BN
phase. Independent of compositions, grain growth of AlN (both normal and
abnormal) and BN occurred. Both crystallites retained their nanometer size
up to 1600°C. The normal grain growth of AlN phase was impeded by the
second phase of immobile inclusion particles of BN. When normal grain
growth of AlN was inhibited by inclusions, only large AlN grains with
boundary curvatures larger than average could move past the inclusions. As
a result, larger grains experienced exaggerated grain growth. These results
indicated that initial crystallization of AlN in the composite powders
produced grains with a mixed size distribution.

Non-Hydrolytic Sol-Gel. In non-hydrolytic sol-gel methods, the
traditional hydrolysis and condensation reactions are replaced by direct
condensation reactions or transesterification reactions. The reaction may
be direct condensation of metal halide and alkoxides[75][76] or condensation
of a metal alkoxide and a metal carboxylate.[77] The transesterification
reaction involves reacting a trialkylsilyl acetate and a metal alkoxide. Non-
hydrolytic reactions do not involve water or polar solvents. In the traditional
sol-gel methods, the condensation reaction may be reversible and special
efforts are required to completely remove water or polar solvents.

2.5 Host-Derived Hybrid Materials

Porous or layered ceramics can be used as host materials in which
nanoparticles are synthesized. The resulting hybrids may have novel
properties due to the microstructure of the host. For example, minerals such
as silicate and aluminosilicate can form unique structures. Continued
linking of these structures forms a complex framework that contain
mesoscopic pores and channels known as zeolites. Zeolites, in natural or
synthetic forms, are aluminosilicates with a three dimensional structure
(Fig. 4). The basic units of the zeolite framework are tetrahedra of SiO4 and



Figure  4. A general  zeolite  structure. (Courtesy of Dr. Y. W. Lee, Defense Science Organization National Laboratories, Republic of Singapore.)

Naj[(AlO2)j(SiO2)192-j].zH2O,

where z is about 260.
48 < j < 76 for zeolite Y
77 < j < 96 for zeolite X

Zeolite X and Y
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AlO4. These tetrahedra are linked through corner oxygen atoms and create
the three dimensional structure. These pores and channels can be used as
molecular sieves, ion exchange medium, and catalysts.

Transition metal clusters can be chemically deposited in supports
of zeolites and other layered minerals for catalytic applications. For
example, manganese oxide octahedral molecular sieves (OMS)[78][79] with
MnO6 octahedra as structural units were synthesized. The size of tunnel
structures, ranging from 0.4-1 nm, was varied by using cations as templates.
One such compound, based on the hollandite structure, consists of two
sheets of MnO6 octahedra joined at edges to form a 2 × 2 tunnel structure
with Ba2+ as the countercation in the tunnel. OMS-1 is a 3 × 3 tunnel
structure similar to todorokite with a 0.69 nm tunnel. OMS-2 is similar to
cryptomelane, a 2 × 2 tunnel structure with K+ as the countercation. These
structures showed a unique catalytic activity. Besides tunnel structures,
layered materials (OL) can also be formed by the MnO6 sheets. The
synthesis conditions[80] were adjusted to form different tunnel sizes. For
example, thermally treating the Ba-OL material led to hollandite ( 2 × 2
tunnel) but hydrothermal treatment resulted in formation of a 2 × 3 tunnel
structure.

By changing the tunnel size, it is possible to change the electronic,
catalytic, and structural properties of the molecular sieves. Thermal prop-
erties and the average oxidation state of the Mn depended on synthetic
conditions.[79] For example, oxygen evolution of hollandite prepared by
refluxing occurred at 300°C , whereas, in the calcined sample this evolution
took place at 900°C. Calcining resulted in a structure with a lower average
Mn oxidation state (3.68),  compared to that obtained by refluxing (3.80) or
autoclaving (3.94). The lower oxidation state indicated there existed more
Mn3+ or Mn2+, which had a higher cation exchange ability. If the countercation
was a divalent cation like copper or iron, ESR results show that there was
a higher concentration of Mn2+. The OMS and OL structures with divalent
cations as the countercations had different catalytic properties. For CO
oxidation, Cu-OMS-1 was more active than Cu-OL-1. This is due to the fact
that molecular sieve had a larger surface area in the tunnel structure with
available surface oxygen species. Besides the molecular sieve materials and
the layered materials, MnO6 also formed nanofibers.[81][82] The diameter of
the fibers ranged from a few nanometers to 25 nm with lengths of tens of
nanometers to a micron. The fibers had a cryptomelane type structure with
the general formula KMn8O16. The fibers formed in a bird’s nest morphol-
ogy with improved porosity (Fig. 5).
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Figure  5. A SEM (scanning electron microscopy) micrograph of the hollandite nanophase
MnO2 “bird’s nest” structure. (Courtesy of Dr. T.D. Xiao, Inframat Corporation, USA.)

Organic materials can also be used as templates to prepare host
materials. Mesoporous transition metal oxides were synthesized using
liquid crystal templating.[83] These hexagonal-packed transition-metal ox-
ide molecular sieves (M-TMS-1) were based on the aluminosilcate family
MCM-41. By using transition metals instead of AlO4 and SiO4, the
catalytic, electronic and magnetic properties could be varied because of
variable oxidation states of the metals. Two methods were used to prepare
these materials. The first was a sol-gel technique where titanium alkoxide
was modified with a acetylactonate to change the hydrolysis rates before
templating with the surfactant to form the TMS. The second method
involved formation of a discreet bond between the alkoxide and the organic
templating material before hydrolysis. Using the second method, materials
with ultrahigh surface areas were obtained. The phase of the material
depended on the chain length of surfactant molecules. Longer chain length
favored the formation of the cubic phase. When Nb was used as the
transition metal, the resulting compound remained stable when the surfac-
tant was removed.[84] In this case, niobium alkoxide reacted with the
surfactant, and the Nb-N linkage controlled condensation reactions. The
resulting Nb-TMS-1 was a hexagonally packed structural analog to MCM-
41 with 0.27 nm pore size that retained its porosity and crystallinity to 400°C.

Soft chemistry (also known as chemie douce), can be used to
modify an existing compound under relatively mild conditions to pro-
duce a closely related material. Chemie douce was first introduced in the
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Figure  6. An example of an intercalated structure.

1970s.[85][86] Some of the chemical reactions that can be considered soft
chemistry include: cation exchange, dehydroxylation, redox, and intercala-
tion. Metastable states can be prepared under “soft” conditions. For example,
a guest molecule can be inserted into the host without altering the host’s
structure by intercalation reactions (Fig. 6). Layered materials such as clays,
graphite and MS2 (M is transition metal) were used as hosts.[87] Layered
ammonium zinc molybdate materials were prepared at room temperature.[88]

The molybdate material was intercalated into a calcined layered double
hydroxide (LDH). The structure of the LDH was based on edge sharing
octahedra of Mg2+ forming sheets. The LDH in the carbonate form was
thermally decomposed to a mixed oxide and then the anion was intercalated
into the mixed oxide.

Another example, montmorillonite, a crystalline and expandable
hydrated layered aluminosilicate, allows cation exchange reactions to take
place in the interlayers due to the cationic substitution in the octahedral sheets.
Catalytic active sites were chemically intercalated in the interlayers of
montmorillonite.[89] Copper acetate hydroxide hydrate in excess of the ion-
exchange concentration was incorporated in aluminosilicate interlayers using
sodium hydroxide. The exchange of copper acetate hydroxide hydrate
interlayers propped apart the silicate layers. Copper metal clusters of about
0.5 nm were then intercalated in the interlayers by in-situ reduction of copper
acetate hydroxide in ethylene glycol at refluxing temperature of about 195°C
for 2–6 h. The cluster size was deduced by the difference between the
thickness of silicate layer (0.96 nm) and the basal spacing of the reduced
sample (1.44 nm). Intercalation of metal clusters by hydrogen reduction was
unsuccessful because of the collapse of the layers and expulsion of metal
complexes from the interlayers to the external surface.
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Nickel and silver were also intercalated into montmorillonite using
the polyol method.[90] When nickel was intercalated, the (100) spacing of
the clay was increased to 1.69 nm. After removing the glycol from the samples
by washing, this (100) spacing decreased to 1.4 nm. Since nickel was detected
both before and after removal of glycol from samples, the change in lattice
spacing of clay was attributed to the intercalation of glycol. The TEM results
showed 10 nm Ni particles, which were much larger than that calculated from
interspacing separation. These particles increased to 30 nm with increasing Ni
concentration, and many of them were found on the surface of the clay but
not in the layers. When silver was used to intercalate the clay, 0.5 nm clusters
were estimated from the interlayer separation, but 25–33 nm particles were
seen in the TEM. The polyol approach was also used to reduce the metal ions
encapsulated in a ceramic host to the metal particles.[30][32] A solution of
potassium hexachloroplatinate (IV) was doped into an alumina gel formed by
the Yolda’s method.[91] The Pt doped gel was allowed to age and then heat
treated at 700°C for 2 h to form a γ-alumina matrix. This γ-alumina/Pt
precursor composite was suspended and reduced in ethylene glycol at 180°C
for 2 h. The nanocomposite of 5 nm Pt particles in alumina was formed.

2.6 Stabilized Dispersions

In a solution with colloidal particles, solvent molecules, ions, or
electric charges may help stabilize the particles against agglomeration,
particularly for ceramic materials. In the case of metal colloids, these
factors only provide limited protection. In practice, for making stable
ceramics and metal colloids, dispersant are commonly used in the synthesis
to provide more reliable stabilization. Dispersants are often surfactants.
They can adsorb on the surface or form an envelope around the particle to
provide either electrostatic or steric repulsion. For example, stable disper-
sions of 5–15 nm Fe colloidal particles were synthesized by thermolysis of
iron pentacarbonyl in dilute solutions of polymers.[92] The functional
polymer  was catalytic for the decomposition of the carbonyl and induced
particle nucleation in its domain. Monodispersed Pd-Cu particles of 3–5 nm
were stabilized by poly(vinylpyrrolidone) (PVP) in refluxing the mixtures
of metal acetate precursors and PVP in 2-ethoxyethanol.[93] Monodispersed
14 nm Ni powders were prepared by reducing nickel hydroxide in the polyol
with PVP, where PVP was used to prevent particle sintering. When both
PVP and nucleating agents such as Pd or Pt (introduced in the reaction as
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metal salts) were used, smaller particles of 30 nm were made by heteroge-
neous nucleation.[94] Gold colloids as giant clusters[95] with an average size of
20 nm (± 10%) were synthesized by reducing AuCl3 with sodium citrate.
Stabilization of gold colloids was achieved by using a water soluble derivative
of triphenylphosphine (used in cluster synthesis). These negatively charged
molecules formed an envelope around the particles and provided electrostatic
repulsion.

If dispersants are not used during synthesis and as-synthesized
particles are agglomerated, surfactants can be used in post-synthesis
processing to disperse the agglomerated particles. Deagglomeration is accom-
plished by breaking the agglomerates by milling or ultrasonication in a suitable
solvent and surface-active dispersant.[96] For example, agglomerated nanoscale
AlN particles were dispersed using N-methylpyrrolidone (NMP) and stabi-
lized in a polyimide matrix.[97] The proposed deagglomeration mechanism[98]

involved initial breaking of large agglomerates into smaller ones and subse-
quent stabilization of these smaller agglomerates by interactions with the
NMP molecules using ultrasonication and high speed mechanical agitation.
Poly(amic acid), a polyelectrolyte and a precursor to polyimide, was then
added and adsorbed onto the surface of AlN. A part of the polymer chain
eventually diffused into the pores of the smaller agglomerates and further
deagglomeration occurred by exfoliation. It was suggested that mechanisms
such as depletion stabilization, steric stabilization, and electrosteric stabiliza-
tion were involved. The polyimide-AlN nanocomposites showed a decrease
of thermal expansion and increase of hardness and Young’s modulus, with an
increase of the AlN concentration in the composite.

2.7 Surfactant Membrane Mediated
Synthesis

Self-assembled surfactant structures can be used as a reactor to
synthesize nanoparticles.[99] In an appropriate solution, for example, an
aqueous medium, surfactant molecules orient themselves so that contact of
the non-polar tails of the molecules with the solvent is minimized. The polar
headgroups of the molecules are attracted to water by electrostatic and
hydrogen bond interactions. These interactions allow the molecules to self-
assemble into membrane structures with minimum energy configuration.
Self-assembly can be used to form monolayer films, Langmuir-Blodgett
films, micelles, reversed micelles, vesicles, and tubules.
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For example, glycerol monooleate, a lipid with a single fatty acid
tail and a glycerol headgroup, forms bicontinuous cubic phases with size-
controlled aqueous channels that are connected in a three dimensionally
periodic network. Size-controlled 4 nm Pd nanoparticles were synthesized
by a polyol type reaction of a solution of tetrachloropalladate and glycerol
monooleate.[100] The hydroxyl groups in the glycerol headgroup reduced
the metal salt to metal at room temperature. The narrow aqueous channels
of the bicontinuous phase constrained the particle size of Pd.

Membrane structures such as reverse micelles and vesicles can be
used as nanoreactors to synthesize metallic and ceramic nanoparticles.
Precipitation can be carried out inside the hollow compartments of mem-
brane structures. Compared to bulk precipitation, better chemical homoge-
neity is achieved since the reactions occur in a better controlled environ-
ment. The size of the membrane structures can be manipulated to control the
particle size and size distribution. The particles are encapsulated inside the
membrane and are prevented from agglomeration with other particles by the
membrane which acts as a barrier. Since it is possible to incorporate
functional groups on vesicle surfaces, nanoparticles may be carried inside
functionalized membranes for targeted applications.

Reverse micelles (sometimes known as water-in-oil
microemulsions) are a single layer of surfactant molecules entrapping
solubilized water pools in a hydrocarbon solvent. The size of the water pool
depends on the amount of entrapped water at a given surfactant concentra-
tion. Nanoscale metal colloids such as Cu,[101] Au,[102] and semiconductors
such as CdSe[103] were made using the reverse micelle method. Ceramic
particles can be prepared by sol-gel reactions in microemulsions.[104][105]

By using w/o techniques with the Stober synthesis of silica,[106]

monodispersed spherical silica particles were synthesized. It was found that
the hydrolysis rate was the rate-limiting step when a microemulsion was
employed. By changing the ratio of concentration of water to surfactant
and thus the size of water droplet nanoreactor, the particle size of silica
was varied. Ternary and quaternary nanostructured mixed oxides such as
BaTiO3, BaZrO3, SrTiO3, and BaxSr1-xTiO3 were also synthesized in
microemulsions.[107]

Vesicles are closed bilayer membrane assemblies. Multilamellar
vesicles have diameters in the range of 100–800 nm. Single bilayer vesicles
are 30–60 nm in diameter. Sonication or extrusion can be used to control the
vesicle size. Extrusion, however, is limited by preparation of only a small
quantity of vesicles. Vesicles are more stable than micelles. Nanoscale
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oxide particles can be synthesized using the vesicle-mediated approach.
Metal ions and lipid mixtures form vesicles upon sonication. After
removal of exogenous ions, anions are added and allowed to diffuse
through the membrane layers and intravesicular precipitation occurs. Due
to preferential anion diffusion across the membrane, generally only oxides
such as silver oxide,[108] iron oxide,[109] and aluminum oxide[110] have been
prepared.

Dispersed nanocrystalline metal particles can be prepared using
polymerized phospholipid vesicles.[111][112] The non-cross-linked polymer-
ization of vesicles resulted in many individual polymer chains in the
membrane structure. This enhanced the structural integrity of vesicles and
provided breaks in the polymer network through which both anions and
cations could diffuse across the polymerized membranes (thus removing
the restriction to only oxide synthesis as in the case of non-polymerized
vesicles). In this approach, vesicles made from mixed phospholipids
(negatively charged and zwitterionic) were UV polymerized. Positively
charged Pd ions were selectively and chemically attached to the negatively
charged headgroup molecule on the surface of the interior compartment of
membrane. After adding Au salt and a reducing agent to the solution, Au
ions diffused across the membrane. The interior membrane-bound Pd
species acted as catalysts for initiation of autocatalytic electroless metalli-
zation of Au, which led to formation of nanocrystalline Au particles inside
the polymerized vesicles.

When unpolymerized vesicles were used to make nanoscale Au
particles using this electroless method,[113] Pd catalysts were bound both to
the internal and external membrane surfaces and electroless metallization
occurred on external surfaces of vesicles. The osmotic pressure (built up
inside unpolymerized vesicles due to the difference of salt concentrations
across the membranes) and the external electroless reaction weakened the
structural integrity of these vesicles, which eventually ruptured. In this
case, the lipid molecules served as a dispersant during the synthesis of Au
particles. The dispersion property of the nanocrystalline Au particles
depended on the thermal disordering of phospholipid mixture, which
became more effective as a dispersant with increasing temperature. Many
multiply-twinned particles (MTP) were formed in reactions carried out at
25°C and 40°C for 3 h (Fig. 7). The formation of MTP by rapid quenching
in vapor deposition is well known. Vapor deposition is generally a “far-
from-equilibrium” process. The condensation of supersaturated vapor into
a solid has a maximum departure from equilibrium (∆G) of approximately
160 kJ/Na, where Na is Avogardro’s number. The precipitation of solid from
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Figure 7. A HRTEM (high resolution transmission electron microscopy) micrograph of
gold colloids synthesized using unpolymerized vesicles.

a supersaturated liquid has a ∆G of 8 kJ/Na.
[114] Although the deposition

kinetics in solution chemistry differs significantly from that of vapor phase,
MTPs of Au can be synthesized in both cases.

Semiconductor crystallites of 2–10 nm have bulk-like internal
lattices but their optical spectra show resolved discrete features. In bulk
species, the electronic energy is continuous but, as the particle size gets
below 6 nm, the electronic levels are discrete due to quantum confinement
of the carriers. This leads to the third order non-linear optical effects.
Agglomeration of the particles must be avoided in preparation of these
materials by dispersing the particles in polymers,[115] inside a multi-
layer,[116] pores,[117] and vesicles.[118] For example, cubic nanocrystals of
CdS were prepared in phosphatidylcholine (PC) vesicles.[118] The vesicle’s
internal diameter controlled the particle size of CdS. The absorption
spectrum of CdS using PC had exciton energy shifts to shorter wavelengths.

Section 2.0 - Particles



73

1.0 INTRODUCTION AND BACKGROUND

Mechanical deformation under shear conditions and high strain
rates (~ 101–104 s-1) leads to the formation of nanostructures within powder
particles, thin foils or, at the surface of metals and alloys exposed to friction-
induced wear conditions. For example, mechanical attrition and mechani-
cal alloying of powder particles has been developed as a versatile alterna-
tive to other processing routes in preparing nanoscaled materials with a
broad range of chemical composition and atomic structures.[1]–[3] In this
process, lattice defects are produced by “pumping” energy into initially
single-crystalline powder particles of typically 50 µm particle diameter.
This internal refining process with a reduction of the average grain size by
a factor of 103–104 results from the creation and self-organization of small-
angle and high-angle grain boundaries within the powder particles during the
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mechanical deformation process. As a consequence, a change of the
thermodynamic, mechanical and chemical properties of these materials has
been observed with the properties of nanophase materials becoming con-
trolled by the grain size distribution and the specific atomic structure and
cohesive energy of the grain or interphase boundaries.

In the 1970s, the method of mechanical attrition (MA) of powder
particles followed by high temperature sintering was developed as an
industrial process to successfully produce new alloys and phase mixtures.
For example, this powder metallurgical process allows the preparation of
alloys and composites which cannot be synthesized via conventional
casting routes. This method can yield:[4]

a. Uniform dispersions of ceramic particles in a
metallic matrix (superalloys) for use in gas
turbines.

b. Alloys with different compositions than alloys
processed from the liquid.

c. Alloys of metals with quite different melting points
with the goal of improved strength and corrosion
resistance.

In the 1980s, the method of high-energy milling gained a lot of
attention as a non-equilibrium solid-state process resulting in materials
with nanoscale microstructures. The formation of nanocrystals within
initially single crystalline powder samples has been first studied system-
atically in pure metals and intermetallic compounds.[5] Moreover, solid-
state (mechanical) alloying beyond the thermodynamic equilibrium
solubility limit can lead to the formation of amorphous metallic materials
as observed for a broad range of alloys.[6]–[8] The amorphous phase
formation occurs by intermixing the atomic species on an atomic scale, thus
softening and destabilizing the crystalline lattice[9 ] and driving the crystal-
line solid solution outside of its stability range against “melting” or
amorphization.[10] This process is considered as a result of both mechanical
alloying[11][12] and the incorporation of lattice defects into the crystal
lattice.[13] More recent investigations demonstrate that the nanostructure
formation also can occur for several unexpected cases, such as brittle
ceramics, ceramic-phase mixtures, polymer blends and metal/ceramic
nanocomposites.
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2.0 PHENOMENOLOGY OF
NANOSTRUCTURE FORMATION

The milling of materials is of prime interest in the mineral, ceramic
processing, and powder metallurgy industries.[14] Typical objectives of the
milling process include particle size reduction (comminution), solid-state
alloying, mixing or blending, and particle shape changes. These industrial
processes are mostly restricted to relatively hard, brittle materials which
fracture, deform, and cold-weld during the milling operation. While oxide
dispersion strengthened superalloys have been the primary application of
mechanical alloying, the technique has been extended to produce a variety
of non-equilibrium structures including nanocrystalline,[15] amorphous[6] and
quasicrystalline[16] materials (for a review, see Ref. 17 ).

A variety of ball mills have been developed for different purposes
including tumbler mills, attrition mills, shaker mills, vibratory mills, planetary
mills, etc.[18] The basic process of mechanical attrition is illustrated in Fig. 1.
Powder particles with typical particle diameters of about 50 µm are placed
together with a number of hardened steel or WC coated balls in a sealed
container which is shaken or violently agitated.

Figure 1. Schematic sketch of the process of mechanical attrition of metal powders.

Section 2.0 - Phenomenology of Nanostructure Formation
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High-energy milling forces can be obtained by using high frequen-
cies and small amplitudes of vibration. Ball mills (e.g., SPEX model 8000)
which are preferable for small batches of powder (i.e., ≈10 cc, sufficient for
research purposes) are highly energetic, and reactions can take place by one
order of magnitude faster compared with other types of mills. Since the
kinetic energy of the balls is a function of their mass and velocity, dense
materials (steel or tungsten carbide) are preferable to ceramic balls. Due to
the continuous severe plastic deformation, a continuous refinement of the
internal structure of the powder particles to nanometer scales occurs during
high-energy mechanical attrition. The temperature rise during this process
is modest and is generally estimated to be ≤ 100 to 200°C. The collision time
generally corresponds to about 2 µs.

For all nanocrystalline materials surface and interface contamina-
tion constitute major problems. During mechanical attrition, contamination
by the milling tools (Fe) and atmosphere (trace elements of O2, N2 in rare
gas) can be problematic. By minimizing the milling time and using the purest,
most ductile metal powders available, a thin coating of the milling tools by the
respective powder material can be obtained which reduces Fe-contamina-
tion tremendously. Atmospheric contamination can be minimized or elimi-
nated by sealing the vial with a flexible “O”-ring after the powder has been
loaded in an inert gas glove box. Small experimental ball mills can also be
enclosed completely in an inert gas glove box. As a consequence, the
contamination with Fe-based wear debris can generally be reduced to less
than 1–2 at% and oxygen and nitrogen contamination to less than 300 ppm.
In this respect, the nanoscaled powder material obtained has often a higher
purity than materials synthesized by alternative methods, such as chemical
processes or inert gas evaporation and condensation. In addition, the
structural contributions of small pores occurring during compaction of small
clusters can be safely neglected.[19]

Milling of refractory metals (e.g., tungsten) in a shaker or planetary
mill for extended periods of time (> 30 hours) can result in levels of Fe-
contamination of more than 10 at% if high vibrational or rotational
frequencies are employed. On the other hand, contamination through the
milling atmosphere can have a positive impact on the milling conditions
if one intends to prepare metal/ceramic nanocomposites with one of the
metallic elements being chemically highly reactive with the gas (or fluid)
environment.

The deformation processes within the powder samples are impor-
tant for fundamental studies of extreme mechanical deformation and the
development of nanostructured states of matter with particular physical and
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chemical properties. Similar processes control the deformation of technologi-
cally relevant surfaces. For example, the effects of work-hardening, material
transfer, and erosion during wear situations result in microstructures of wear
surfaces comparable to those observed during mechanical attrition.[20]  In
particular, during sliding wear, large plastic strains and strain-gradients are
created near the surface.[21]  Similar to mechanical attrition of powder
particles, this is the consequence of the formation of dislocation cell networks,
subgrains, and grain boundaries with the subgrains becoming smaller near the
surface.

3.0 HIGH-ENERGY BALL MILLING AND
MECHANICAL ATTRITION

3.1 Examples

Metallic Elements and Intermetallics. During mechanical attri-
tion, the metal powder particles are subjected to severe plastic deformation
from collisions with the milling tools.  Consequently, plastic deformation
at high strain rates (~ 103–104 s-1) occurs within the particles and the average
grain size can be reduced to a few nanometers after extended milling. As the
metal particle is plastically deformed, most of the mechanical energy
expended in the deformation process is converted into heat but the remain-
der is stored in the metals, thereby raising the internal energy.[22][23] This
was first investigated in detail for a number of high melting metals with bcc
and hcp crystal structures.[5][15] Metals with fcc structure are inherently
more ductile and often exhibit a stronger tendency to adhere to the container
walls and to sinter into larger particles, often several millimeters in
diameter, during the milling process. In a detailed study, the successful
preparation of nanocrystalline fcc metals has been described.[24]

Since contamination from the milling devices (hardened steel) can
occur, the experimental results discussed in the following are mainly
concentrated on iron powder as a model system for mechanical attrition. The
microstructural changes as a result of mechanical attrition can be followed
by x-ray diffraction methods averaged over the sample volume.  The x-ray
diffraction patterns exhibits increasing broadening of the crystalline peaks
as a function of milling time.

Section 3.0 - Ball Milling and Mechanical Attrition
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The peak broadening is caused by size as well as internal strain
effects.[25][26] The average coherently diffracting domain size (grain or
crystal size) and the microstrain as function of milling time are obtained from
the integral peak widths assuming Gaussian peak shapes (Fig. 2).[27]

After corrections for Kα and instrumental broadening, the line
broadening due to the small crystal size is constant in K-space and is given
by ∆K = 0.9(2π /d) where d is the average domain or grain diameter. The
strain broadening corresponds to  ∆K = A <e2>1/2 K with A being a constant
depending on the strain distribution (A ≈ 1 for a random distribution of
dislocations)[28] and <e2>1/2 being the rms strain. Additional defects which
might contribute to the peak broadening, such as stacking faults, can be
safely neglected in all cases discussed here. However, for some metals with
very small stacking fault energies, e.g., Co, the contribution of stacking
faults to the peak broadening is considerable.[29]

Figure 2. The average grain size and microstrains as a function of milling time for iron
powder determined from x-ray line broadening.

In the very beginning, mechanical attrition leads to a fast decrease
of the average grain size to 40–50 nm. Further refinement occurs slowly to
about 15 nm after extended milling. The average atomic level strain reaches
values up to 0.7%. Based on the method of x-ray analysis applied (Scherrer
formula,[30] Williamson and Hall method at full width at half maximum or
integral peak width at half maximum,[25] Warren-Averbach analysis,[31]
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etc.), the weighting of the grain size distribution is different and, therefore,
the average grain size can vary by a factor of two.

Basically, all metals and compounds investigated so far exhibited
similar behavior in terms of grain size reduction and increases of atomic
level strains. Typical values for the average grain sizes of fcc, bcc, and hcp
metals vary between 10 and 20 nm whereas the atomic-level strains can
increase up to about 1%.[32]

It is furthermore interesting to note that by mechanical attrition,
plastic deformation can be introduced in nominally brittle materials. The
minimum grain or domain size for intermetallic compounds with CsCl
structure has been found to vary between 12 nm for CuEr[33] and 2 nm
(amorphous) for NiTi.[34] Furthermore, in the ordered intermetallic com-
pounds, anti-site disorder is introduced during mechanical attrition leading to
atomic-level strains up to 3%. Whereas, for the CsCl compounds, the
reduction of the long-range chemical order parameter saturates at about 0.7,
other intermetallic compounds exhibit complete disordering together with
the formation of a nanocrystalline solid solution. For example, the A-15 type
compounds Nb3Al,[35] V3Ga,[36] and Nb3Au[37] transform after extended
milling to a bcc solid solution with nanometer-sized grains.

Non-Equilibrium Crystalline and Amorphous Solid Solutions.
The mechanical alloying of  powder mixtures generally results in the
formation of solid solutions extended in composition far beyond their
equilibrium solubility limit (up to a factor of 10) and is caused by
mechanically driven enhanced interdiffusion. The phenomenon of stress
induced diffusion is typical if large potential gradients prevail, which lead
to high-rate diffusion processes in the vicinity of a dislocation even at
temperatures where self-diffusion is not possible.[38] At large deformations,
layered structures or precipitates can, therefore, be resolved.

The action of deformation (i.e., driven system), especially shearing
processes, in causing atomic-scale mixing, have been further clarified
recently by computer simulation.[39][40] The mechanical alloying process is
considered an athermal process which yields a high level of homogeniza-
tion of the component atoms provided that sufficient deformation is
applied. In fact, Monte Carlo simulations indicate that deformation can
yield a solid solution even in alloys with a positive enthalpy of mixing. In this
case, the driven system action, characterized by the forcing parameter (as
the frequency ratio between forced and thermally activated jumps), results
in a behavior with an enhanced diffusivity characteristic of a high-tempera-
ture high-entropy state with extended solubilities.[41]–[43]

Section 3.0 - Ball Milling and Mechanical Attrition
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Positive Enthalpy of Mixing. Surprisingly, mechanical alloying is
achieved for powder mixtures having a positive enthalpy of mixing. Though
in some cases, such as Ag-Fe, an intimate phase mixture of nanostructured
Ag and Fe particles is produced,[44] in other cases real miscibility on an
atomic level can be obtained, e.g., for Cu-Fe,[45] Cu-W,[46] Cu-Ta,[47] and
Cu-V.[48] This apparent violation of the rules of equilibrium thermodynam-
ics is a vital example of the potential of MA in synthesizing new materials
under non-equilibrium conditions. For example, mechanical alloying can
lead to the formation of nanocrystalline single-phase solid solutions of up
to 60 at% Fe in Cu and 20 at% Cu in Fe.[49][50] The steady-state grain sizes
range from 20 nm for Cu to 8–10 nm for Fe-rich alloys as determined by
x-ray line broadening (Fig. 3).

Figure 3. Average grain size for FexCu100-x powders after 24 hours of milling vs Fe content.
(After Ref. 50.)
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The enhanced solubility of alloys exhibiting spinodal behavior in
coarse-grained systems has been attributed to the capillary pressure of the
nanosized grains on the free energy due to their small radii of curvature. It
has been found that during mechanical attrition of Fe-Cu powder mixtures,
agglomerates of multilayers are formed leading to microstructures very
similar to those obtained by cold-rolling.[51]

Furthermore, mechanical attrition can also produce ultrafine-scaled
phase mixtures if a brittle material is milled together with a more ductile
material. For example, 10 nm sized Ge particles can be embedded in a ductile
matrix of Sn or Pb.[52] Similarly, very fine dispersions at the nanometer scale
have been found, for example, in TiNi-C[53] and Ag-Fe.[54] By additional
Mössbauer-studies, mutual solubility Ag in Fe domains (and Fe in Ag-
domains, respectively) could be shown. As such, the resulting microstruc-
ture and chemical arrangement is very similar to nanocrystalline phase
mixtures prepared by gas condensation methods.

Negative Enthalpy of Mixing/Glass Formation. Extended solid
solutions far beyond the thermodynamic equilibrium have also been noted in
course of mechanical milling for alloys with negative enthalpies of mixing.[55]

For phase mixtures with large (> 15%) differences of atomic radii, the
formation of an amorphous structure has often been observed.[56] During
this process, long-range solute diffusion and, therefore, solute partitioning
are suppressed.

For example, during mechanical alloying of 75a/o Zr and 25a/o Al,
the formation of a supersaturated hcp (α-Zr) solid solution was observed
prior to the solid-state-amorphization reaction.[57] However, in all cases of
binary alloys, it remained unclear whether indeed a metallic glass has been
formed or just an x-ray amorphous structure. More recently, a similar phase
transformation sequence was found in a mechanically alloyed multicompo-
nent elemental Zr60Al10Ni9Cu18Co3 powder mixture with a bulk glass
forming composition (Fig. 4).[58] The x-ray spectra at different stages of the
milling process are characterized by the successive disappearance of the
elemental Al, Co, Cu, and Ni peaks and a simultaneous shift of the Zr-peaks
to higher-scattering angle, corresponding to a decrease in the lattice
constant of the hcp-Zr as a result of the rapid dissolution of the smaller
atoms, such as Cu, Ni, Co, and Al in the (α-Zr) matrix.[59]

Calorimetric investigations further revealed that a glass transition
indeed occurred when the amorphous material was heated into the under-
cooled liquid state without prior crystallization. Figure 5 shows the corre-
sponding increase of the specific heat capacity when the metallic glass

Section 3.0 - Ball Milling and Mechanical Attrition
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Figure 4. X-ray spectra for mechanically alloyed Zr60Al10Ni9Cu18Co3 powder samples
exhibiting a transition from the initially crystalline powder mixture to an amorphous
glass-like structure.

sample, prepared in the solid state, was heated through the glass transition.
Similar observations concerning the crystal-to-glass transition by mechani-
cal attrition have also been observed for the equilibrium intermetallic phase
mixture.[60] These rather surprising results confirm that a metallic glass can
really be formed in the solid state (without cooling from the liquid state) by
destabilizing a crystal due to the incorporation of static disorder causing
high elastic stresses.[61]

Ceramics. Ductile materials can be deformed as described above,
but it is surprising that nominally brittle materials, such as ceramics, also
show a refined microstructure after extended mechanical attrition. For
example, ZrO2 has been milled for up to forty hours resulting in a grain size
reduction to several nanometers. At a grain size of less than about 12 nm,
a transition of the most stable monoclinic structure to a metastable orthor-
hombic modification has been observed.[62] A simple estimate shows that
below a critical grain size of about 30 nm, the high-temperature phase
becomes more stable than the low-temperature phase due to the defects
incorporated.
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Figure 5. Thermal analysis exhibiting the difference in heat capacity of the sample material
Zr60Al10Ni9Cu18Co3 in comparison with the thermodynamically stable crystalline configu-
ration for amorphous mechanically alloyed powder, bulk metallic glass, and foil stacks.

Mechanical alloying does occur for ceramic powder mixtures as
well. For example, (Fe,Cr)2O3 solid solutions can be obtained from a
Fe2O3/Cr2O3 powder mixture with an average grain size of about 20 nm.[63]

Similar observations have been reported for ZrO2/Y2O3 powder mix-
tures.[64] Also, chemical processes can be induced by milling ceramic
materials. For example, extended periods of mechanical milling can lead to
the deoxidation of oxides when appropriate materials are added. Mechano-
chemical reactions have been reported for α-Fe2O3/Ti, Ag2O/C,[65] and
CuO/Ca[66] mixtures.

Polymer Blends. Mechanical alloying of polymeric materials has
been developed during the past decade as well. Similar to metallic materi-
als, mechanical attrition leads to an increase of the internal energy. For
example, polyamide (PA), polyethylene (PE), acrylonitrile-butadiene-
styrene (ABS), polypropylene (PP), and polystyrene (PS) have been inves-
tigated in detail.[67] In order to fracture the polymer chains, the milling
process is conducted below the respective glass transition temperatures. As
a result, the crystallinity of the powder material can be decreased consid-
erably by mechanical milling. The corresponding storage of energy allows

Section 3.0 - Ball Milling and Mechanical Attrition
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consolidation of the powder to bulk samples at lower temperatures than
conventionally processed material. In addition, the achieved mechanical
properties are considerably improved.

The milling process also allows mechanical alloying of polymer
mixtures (PA/PE, PA/ABS)[68] as well as mechanical alloying of polymers
with ceramic (PP/SiC) and metal powder (PS/Sn, PP/Al, PE/Cu).[69] By
mechanical milling, the normal compatibility restrictions for polymer forma-
tion from regular polymer science principles have been removed. This
unique opportunity allows synthesizing of new materials and materials
combinations with enhanced properties, which can not be achieved by any
other method.

Nanocomposites. Mechanical attrition is also a very versatile
process for preparing nanocomposites. Since this process is sensitive to
contamination resulting from the milling environment, atmospheric control
can be used to purposely induce chemical reactions between the milled
powders and their environment. By a proper choice of a reactive gas
atmosphere (O2, N2, etc.), or a milling fluid (organic fluids), the metal powder
can be intentionally modified by reactive milling to a nanocrystalline metal-
ceramic composite,[70] or fully reacted to a nanocrystalline ceramic, for
example, a metal nitride.[71]

The metal powders (Ti, Fe, V, Zr, W, Hf, Ta, and Mo)[72]–[74]

transform to a nanocrystalline nitride by high-energy ball milling under
nitrogen gas flow. This solid-state interdiffusion reaction during reactive
ball milling is triggered by fragmentation of the starting powder, thus
creating new surfaces. These freshly created surfaces react with the flowing
nitrogen gas to form a nitride surface layer over the unreacted core particle.
With further milling, this reaction continues and a homogeneous nitride
phase is formed and the unreacted core of metal disappears resulting in a
nanostructured (often metastable) metal-nitride with a typical grain size of
5 nm.

By ball milling in organic fluids such as surfactants which are
sometimes used to prevent contamination by the milling tools, chemical
reactions can be induced leading to the formation of fine carbides. For
example, by milling Al (-Ti, -Zr, or -Hf) alloys in hexane, an average grain
size of 9 nm can be achieved with carbon dissolved in the matrix.[75] During
dynamic compaction at about 1300 K, grain growth occurs up to about 44
nm together with precipitation of ZrC particles, 7 nm in size. Such ultrafine
grained composites are expected to exhibit considerably improved strength
and ductility.[76]



85

More recently, metallic glass/ceramic composites were obtained by
mechanical alloying of multicomponent Zr-based elemental metallic pow-
ders together with SiC particles. [77][78] A secondary electron microscopy
(SEM) image of such a Zr65Al7.5Cu17.5Ni10 + 10 vol% SiC metallic glass/
ceramic composite after a milling time of thirty hours (Fig. 6) reveals a
uniform distribution of fine SiC particles in the metallic glass powder matrix,
as proven by further x-ray diffraction and EDX analysis. The size distribu-
tion of the SiC particles ranges from 1 µm down to values below 50 nm. It
is further interesting to note that the SiC particles do not act as potent
heterogeneous nucleation sites when the composite is heated to the crystal-
lization temperature above the glass transition temperature, making me-
chanical alloying a convenient method for achieving dispersion-strength-
ened amorphous alloys with considerably improved strength and wear
resistance by a powder metallurgical pathway.

Figure 6. Scanning electron microscope image of a metal/ceramic composite of 10 vol%
SiC particles in an amorphous matrix (Zr65Al7.5Cu17.5Ni10) prepared by mechanical
alloying.

3.2 Mechanism of Grain Size Reduction

From wide angle x-ray spectra, the information about lattice
defects (grain boundaries, dislocations, etc.) is obtained via their disturbing
influence on the coherent superposition of radiation diffracted at the atomic
lattice sites which causes the broadening of Bragg peaks.  In small angle
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neutron scattering experiments (SANS), the lattice defects themselves give
rise to a scattering contrast because of the (scattering length) density
fluctuations associated with them.

Ball-milled Fe powder samples were measured in quartz cuvettes
at a neutron wavelength � of 0.60 nm. The cuvettes were filled up with D2O
resulting in a 79% reduction of scattering contrast at the wetted surfaces of
the powder particles.

Different positions between the sample and the area-sensitive detector
were chosen covering a range of momentum transfer q = (4p/�) sin (q) from
0.045 nm-1 to 0.85 nm-1 (2q: scattering angle). During the measurements a
homogeneous magnetic field of 0.7 T was applied to the sample in the
horizontal direction perpendicular to the incoming neutron beam.

For a magnetically saturated sample, the scattered intensity as
a function of the vector of momentum transfer, q, can be written as
I(q) = IN (q) + IM (q) sin2 α where IN (q) and IM (q) represent the structure
function of the nuclear and magnetic scattering respectively,[79] and α  is the
azimuthal angle between q and the magnetic field projected on the area
perpendicular to the incoming beam. The anisotropic intensity distributions
were analyzed by radial averaging over angular sectors parallel and perpen-
dicular to the direction of the applied magnetic field.  While in the first case,
α = 0°, the spectra thereby obtained represent the nuclear scattering
contribution, the perpendicular averaging, α = 90°, yields a linear combina-
tion of nuclear and magnetic scattering. Radial distribution functions (RDF)
were calculated from the SANS spectra by the indirect Fourier-transforma-
tion method.[80]

Figure 7 shows the SANS spectra of Fe powder samples before
milling and after milling for 0.5 hours and 30 hours averaged parallel to the
applied magnetic field. Compared to the spectrum of the unmilled sample,
an increase of scattering intensity occurs after 0.5 hours milling over the
entire q-range covered by the measurements. This increase may be ex-
plained by the refinement of microstructure in the early stages of the milling
process (i.e., the scattering contribution of grain boundaries, dislocations,
and triple junctions) which is proved by the x-ray peak broadening. It should
be noted that the increase of scattering intensity extends to the high q range
implying that structural inhomogeneities on a small length scale of a few
nanometers are present after short milling times. This observation under-
lines that the structural refinement is strongly inhomogeneous and might
occur in shear bands of high dislocation density surrounded by less
deformed sample regions.
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Figure 7. SANS spectra of ball-milled Fe powder after different milling times (0 hours,
0.5 hours, and 30 hours).

After 30 hours milling time, a drop of the scattering intensity is
observed over the entire q-range compared to the 0.5 hours sample. The
drop at high q values is especially surprising since, from x-ray measure-
ments, it is known that the average grain size is further reduced to a volume
average of about 16 nm, which is in good agreement with the average grain
size derived from the RDF of about 15 nm after 30 hours milling. Further-
more, the RDF also shows a decrease in magnitude without any significant
shift of the maxima (Fig. 8).

Obviously, the observed change of the SANS intensity cannot be
solely explained by a shift of crystallite size distribution to smaller distances
in real space during the milling process. Instead, it is believed that the
scattering contrast due to dislocations plays an important role for the
interpretation of the measured data. Since the volume dilatation in the vicinity
of dislocations is small, their nuclear scattering contrast is small and
disappears for pure screw dislocations.[81] Their magnetic scattering
contrast due to orientation fluctuations of the magnetic moments of Fe
atoms may exceed their contribution to nuclear scattering by factors up to
10–100.[82] These fluctuations are caused by magnetoelastic coupling
between the magnetic moments and the dislocation strain field.

Section 3.0 - Ball Milling and Mechanical Attrition
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Figure 8. Radial distribution functions (volume weighted) calculated from spectra in Fig.
7 (milling times 0.5 hours, and 30 hours).

The SANS data may be interpreted with respect to the magnetic
scattering contribution of dislocations as a result of a changing distribution
of dislocations in the deformed material. According to this model, the
increase of scattering intensity at high q after 0.5 hours milling is caused by
an increasing dislocation density with an average dislocation distance of a
few nanometers which is in the range of the final grain size after long milling
times.  The subsequent decrease of scattering intensity after 30 hours milling
time may be caused by the rearrangement of dislocations to form grain
boundaries and the absorption of dislocations as secondary grain boundary
dislocations.

Furthermore, the grain refinement which can be followed only in an
integral way by x-ray or neutron scattering methods has been investigated
in more detail by TEM on intermetallic AlRu powder samples.[83] Figure 9
shows a series of TEM micrographs of an AlRu particle after mechanical
attrition. It can be seen that the crystal is heavily strained and the
deformation occurs in a rather inhomogeneous way. The arrows in Fig. 9a
indicate a highly deformed region of a width of about 1 µm which extends
throughout the entire particle. These shear bands have been observed in
rolled metals and are typical for deformation mechanisms that occur at high
strain rates in contrast to slip and twinning mechanisms at low and moderate
strain rates.[84]
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The observed shear bands are separated by areas of similar lateral
dimensions in the micrometer range having low defect densities. High
resolution imaging of areas in the shear bands reveal a microstructure
consisting of individual grains with a diameter of approximately 20 nm which
are slightly rotated with respect to each other at a rotation angle of less than
20° as shown in Fig. 9b. With longer durations of mechanical attrition, the
shear bands grow over larger areas and eventually (Fig. 9c) the entire
sample disintegrates into subgrains with a final grain size of 5–7 nm for AlRu
after 64 hours (Fig. 9d), thus ductilizing the originally brittle intermetallic
compound.

(a) (b)

Figure 9. (a) TEM bright field images at relatively low magnification of an AlRu powder
particle after 10 minutes of mechanical attrition. The arrows point to highly deformed
regions (shear bands). The inset shows the corresponding diffraction pattern demonstrating
the gradual smearing out of the initially sharp diffraction spots. (b) TEM high-resolution bright-
field image with its corresponding diffraction patterns of AlRu after 10 minutes. (c) Two hours
and (d) 64 hours of mechanical attrition.

(c) (d)

Section 3.0 - Ball Milling and Mechanical Attrition
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The elemental processes leading to the grain size refinement include
three basic stages:

i. Initially, the deformation is localized in shear bands
consisting of an array of dislocations with high density.

ii. At a certain strain level, these dislocations annihilate
and recombine to small angle grain boundaries separating
the individual grains. The subgrains formed via this route
are already in the nanometer size range (about 20–30
nm).

iii. The orientations of the single-crystalline grains with
respect to their neighboring grains become completely
random.

This can be understood in the following way. The yield stress, σ,
required to deform a polycrystalline material by dislocation movement is
related to the average grain size, d, by σ = σo + kd -1/2, where σo and k are
constants (Hall-Petch relationship).[85][86] An extrapolation to nanoc-
rystalline dimensions shows that very high stresses are required to main-
tain plastic deformation. Experimental values for k and σo are typically
k = 0.5 MNm-3/2 and σo = 50 MPa.[87] For a grain size of 10 nm, the
minimum yield stress is of the order of 5 GPa corresponding to 15% of the
theoretical shear stress, which sets a limit to the grain size reduction
achieved by plastic deformation during ball milling. Therefore, the reduc-
tion of grain size to a few nanometers is limited by the stresses applied
during ball milling as long as no dramatic elastic softening of the crystal
lattice occurs.

Further energy storage by mechanical deformation is only possible
by an alternative mechanism. Grain boundary sliding has been observed in
many cases at high temperatures leading to superplastic behavior. Alterna-
tively, grain boundary sliding can also be achieved at a very small grain size
and low temperature by diffusional flow of atoms along the intercrystalline
interfaces which allows the synthesis of ductile ceramics.[88] This provides
a mechanism for the self-organization and rotation of the grains observed
here, thus increasing the energy of the grain boundaries proportional to their
misorientation angle and excess volume.

This behavior is typical for deformation processes of bcc metals
and intermetallic compounds at high strain rates. However, it is surprising
that nominally brittle materials, such as intermetallics, develop consider-
able ductility under shear conditions.
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3.3 Property—Microstructure Relationships

Decreasing the grain size of a material to the nanometer range leads
to a drastic increase of the number of grain boundaries, reaching typical
densities of 1019 interfaces per cm3. The large concentration of atoms
located in the grain boundaries, in comparison with the crystalline part, scales
roughly with a reciprocal grain size dependence 1/d.

Consequently, due to their excess free volume, the grain boundaries
in nanocrystalline materials can cause considerable differences in the physi-
cal properties compared to the conventional polycrystalline counterpart.

Thermal Properties. As a result of the cold work, energy has been
stored in the powder particles.  During heating in a Differential Scanning
Calorimeter (DSC), a broad exothermic reaction is generally observed.
Integrating the exothermal signals gives the energy release, ∆H, during
heating of the sample.

For example, the stored enthalpy reaches values up to 7.4 kJ/mol
(after 24 hours) and 10 kJ/mol (after 32 hours) for Ru, which corre-
sponds to 30–40% of the heat of fusion, ∆Hf . One would expect that the
recovery rates during the milling process correlate with the melting point of
the specific metal. With the exceptions of Co (due to a large number of
stacking faults) and Hf, Nb and W (possibly due to an increased level of Fe-
impurities from the milling tools stabilizing the nanostructure) such a
relationship is indeed observed.  Similar results have been obtained for
metals with fcc structure as well.[89] Consequently, most effective energy
storage occurs for metals with melting points above 1500 K resulting in
average grain sizes between 6 nm (Ir) and 13 nm (Zr). For the compound
phases, similar high values for the stored energies are found ranging from
5 to 10 kJ/mol and corresponding to values between 18 and 39% of the heat
of fusion for grain sizes between 5 and 12 nm.

The final energies stored during mechanical attrition largely exceed
those resulting from conventional cold working of metals and alloys (cold
rolling, extrusion, etc.). During conventional deformation, the excess energy
is rarely found to exceed 1–2 kJ/mol and, therefore, is never more than a
small fraction of the heat of fusion.[90] In the case of mechanical attrition,
however, the energy can reach values typical for crystallization enthalpies
of metallic glasses, corresponding to about 40% ∆Hf .

A simple estimate demonstrates that these energy levels can not
be achieved by the incorporation of defects which are found during
conventional processing. In the case of pure metals, the contribution of
point defects (vacancies, interstitials) can be safely neglected because of

Section 3.0 - Ball Milling and Mechanical Attrition
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the high recovery rate at the actual processing temperature. Even taking
non-equilibrium vacancies into account, which can form as a consequence
of dislocation annihilation up to concentrations of 10-3,[91] such contribu-
tions are energetically negligible in comparison. On the other hand, for
intermetallics, point defects are relevant in order to describe the stability of
the material.

The maximum dislocation densities which can be reached in heavily
deformed metals are less than 1016 m-2 which would correspond to an energy
of less than 1 kJ/mol. Therefore, it is assumed that the major energy
contribution is stored in the form of grain boundaries, and related strains
within the nanocrystalline grains which are induced through grain boundary
stresses.

Large differences generally also arise in the specific heat, cp , at
constant pressure. The specific heat of the heavily deformed powder particles
was measured in the range from 130 K to 300 K, i.e., at  temperatures low
enough to prevent the recovery processes from taking place. For all
samples, a considerable increase in cp has been found experimentally after
24 hours milling, reaching values up to 15% for Ru. For pure metals, a linear
correlation between the increase of the heat capacity ∆cp at 300 K, and the
stored enthalpy, ∆H, given as a percentage of the heat of fusion (∆H/∆Hf )
after extended mechanical attrition is observed (Fig. 10). Such a relation-
ship is also predicted by the free volume model for grain boundaries.[92]

Figure 10. Specific heat increase ∆cp (%) in comparison to the unmilled state at room
temperature as function of the stored enthalpy ∆H (given as percentage of ∆Hf) after 24
hours ball milling of pure elemental powder samples.
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This energetic microstructure-property relationship is further em-
phasized by Fig. 11. Here the stored enthalpy, ∆H, in attrited Fe powder is
shown as a function of average reciprocal grain size, 1/d, since 1/d scales
also with the volume density of grain boundaries in the nanocrystalline
material (~3δ /d where δ is the thickness of the grain boundary).[93] Two
different regimes can be clearly distinguished: For small grain size reductions
at the early stages of mechanical attrition, i.e., stage (i), the stored
enthalpy shows only a weak grain size dependence typical for dislocation
controlled deformation processes. After the average domain (grain) size
is reduced below d* = 30–40 nm, energy storage becomes more efficient.
The critical grain size, d*, corresponds to the size of nanograins which are
formed within the shear bands. Therefore, for d < d*, a regime can be
identified where deformation is controlled by the properties of the small
angle and, later, high angle grain boundaries which are developing in stages
(ii) and (iii). The slope of the corresponding strain versus 1/d relationship
corresponds in the grain boundary regime to 0.1 nm, typical for atomic level
strains.[52]

Figure 11. The stored enthalpy ∆H as function of reciprocal grain size 1/d of Fe at different
levels of mechanical attrition. Two distinctively different stages can be observed: stage (i)
which is dislocation-controlled for d > 40 nm and stages (ii),(iii) for d < 40 nm where
deformation becomes controlled by grain boundaries.

Section 3.0 - Ball Milling and Mechanical Attrition



94 Chapter 3 - Solid State Processing

 Mechanical Properties. As a further consequence of the grain
size reduction, a drastic change in the mechanical properties has been
observed (for a review, see Refs. 94 and 95). In general, nanocrystalline
materials exhibit very similar mechanical behavior to that of amorphous
materials due to shear banding as the prevalent mechanism of deforma-
tion.[96] Strain hardening is not observed and thus conventional dislocation
mechanisms are not operating. The lack of dislocations is the result of the
image forces which act on dislocations near grain boundaries.

Local mechanical properties can be measured by nano-indentation
methods. Here, the load as well as the indentation depth is monitored
continuously during the loading and unloading process (Fig. 12). Typical
results for nanocrystalline Fe powder samples exhibit an increase in
hardness by a factor of 7 (9 GPa for nx-Fe with d about 16 nm versus 1.3
GPa for annealed px-Fe). In general, the hardness follows a trend similar to
the Hall-Petch relationship, though the dislocation-based deformation mecha-
nism in the nanocrystalline regime certainly does not apply as shown in Fig.
13. The Young’s modulus can be measured by this method as well, and
typically shows a decrease of about 10% compared to the polycrystal.

Figure 12. Hardness measurement using a nano-indentation device on polycrystalline
(upper curves) and nanocrystalline (lower curves) attrited iron powder samples.
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Figure 13. Hall Petch relationship for the hardness of nx- and px iron.

It is suggested that the mechanical properties of nanophase mate-
rials prepared by mechanical attrition after extended periods of milling are
not being controlled by the plasticity of the crystal due to dislocation
movement anymore but, rather, by the cohesion of the nanocrystalline
material across its grain boundaries. From the considerable increase of
hardness and the principle changes of the deformation mechanisms, im-
proved mechanical properties can be expected as attractive features for the
design of advanced materials as bulk or layered materials.

4.0 PHASE STABILITY AT ELEVATED
TEMPERATURES

As a result of the cold work, considerable energy has been stored
in the powder particles (see Figs. 10 and 11). Therefore, thermodynamically,
these materials are far removed from their equilibrium configuration, and a
large driving force towards equilibrium exists. On the other hand, for a
number of applications, the nanocrystalline powder has to be compacted to
a uniform bulk sample. Since cold compaction is usually not sufficient, Hot
Isothermal Pressing (HIP) processes[97][98] are usually applied; therefore, it
is important to understand the atomic processes occurring during annealing
over extended periods of time.

Section 4.0 - Phase Stability at Elevated Temperatures
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The stored energy is released during heating to elevated tempera-
tures due to recovery-relaxation processes within the boundaries, and grain
growth. As a consequence, during annealing at elevated temperatures,
relaxation and grain growth processes will occur, leading to a concomitant
increase of the grain size.

This behavior has been investigated for iron in detail.[99]100]  For
extended periods of milling time, a decrease of the average grain size to
nanometer dimensions is observed with a stationary average grain size d =
16 nm and 0.7% microstrain as shown in Fig. 2. The enthalpy release during
a DSC heating experiment spreads over the entire temperature range of the
scan as shown in Fig. 14. The very broad signal does not exhibit any distinct
events but a further increase of the exothermic signal for T > 250–300°C.

X-ray diffraction of powder samples annealed for 80 minutes at
each temperature revealed the evolution of grain size and strain as function
of annealing temperature as shown in Fig. 15. The microstrain decreases
rapidly below 200°C while the grain size remains nearly constant, so the
enthalpy release during the first exotherm in Fig. 14 is only related to
relaxation and not to grain growth. Grain growth starts to become significant
above about 300°C. Furthermore, it has been found that, after a fast increase
at early times, the average grain size  d changes from 16 nm to about 30–40
nm. The average grain size remains constant for t ≥ 2400 sec and reaches
values of 100–200 nm at temperatures about 600°C.

Figure 14. DSC heating scan at 10 K/min of iron powder after mechanical attrition
for 5 and 25 hours.
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Two regimes with and without grain growth can be distinguished.
Since the influence of lattice point defects and lattice dislocations is
negligible, the enthalpy release can be clearly assigned to the existence of
grain boundaries. The reduction of the microstrains is probably caused by
grain boundary relaxation and annihilation of secondary grain boundary
dislocations. Based on elastic theory, it is estimated that this contribution to
the overall energy is less than about 5%. On this basis, the grain boundary
energy can be estimated.

By simple geometric considerations[101][102] the specific grain
boundary excess enthalpy is estimated to be about 2.1 J/m2. This would
correspond to a value for non-equilibrium, unrelaxed, grain boundaries,
whereas after relaxation, the grain boundary energy is reduced to 1.5 J/m2.
Values resulting from computer simulations suggest excess enthalpies
between 1.2 and 1.8 J/m2.[103] Therefore, we conclude that grain boundaries
in the as-prepared state are characterized by increased values of about 25%
due to their unrelaxed atomic structure or secondary grain boundary
dislocations.

Isothermal DSC measurements allow further analysis of grain
growth processes in nanocrystalline Fe. For example, the isothermal DSC
curve shown in the upper part of Fig. 16 was measured at 500°C after

Figure 15. Dependence of stationary grain size and microstrain on annealing
temperature.

Section 4.0 - Phase Stability at Elevated Temperatures
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annealing the sample at 400°C and heating to 500°C at a rate of 50°C/min.
A monotonically decreasing signal typical for grain growth is observed.
Similar signals are obtained at 200°C, 300°C, and 400°C and clearly differ
from those measured in isothermal recrystallization processes controlled by
nucleation and growth in conventional polycrystalline metals which are
described by Johnson Mehl Avrami type models. Figure 16 does not exhibit
the expected maximum related to an incubation time for nucleation, but
shows only a decrease in the signal.

Figure 16. Isothermal exothermic DSC curve at 500°C of nanocrystalline iron (upper part)
and plot of (∆H/dt)–2/3 versus time t (lower part).

Furthermore, (dH/dt)-2/3 should scale linearly with time if normal
parabolic grain growth behavior is assumed.  This assumption is well
approximated for t < 1200 sec as shown in the lower part of Fig. 16. The
upper part of Fig. 16 includes a fit to the measured DSC signal assuming
parabolic grain growth. Based on the available data, an activation energy of
178 kJ/mol has been determined for grain growth in nanocrystalline Fe,
which is comparable to the activation energy for grain boundary self
diffusion in Fe.[104]
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5.0 SEVERE PLASTIC DEFORMATION

5.1 General

 Similar observations regarding the deformation mechanisms during
mechanical attrition have been reported in chips removed during machin-
ing,[105] and simple metal filings,[106][107] as well as during extreme deforma-
tion of bulk materials.[108][109] Analogous to the mechanically attrited
powder at the early stage, large inhomogeneities have been observed in
filings with the deformation process leading to the formation of small angle
grain boundaries. Here, the dislocation cell size dimensions are basically a
function of the acting shear stress, τ, resulting in an average cell size
dimension L of  L = 10 Gb/τ where G is the shear modulus and b is the
Burgers vector.[110]

More detailed studies are obtained from cold rolling and tor-
sion,[111] wire drawing,[112] and cyclic deformation[113] processes resulting
in an asymptotic saturation of the flow stresses. This is considered to be a
result of the simultaneous occurrence of dislocation multiplication and
annihilation leading to a saturation of the dislocation density. In particu-
lar, under cyclic deformation of, for example, Cu, at amplitudes above γpl

~ 10-4, slip becomes highly localized in so-called “persistent slip bands”
(shear bands). These lie parallel to the primary glide plane and are separated
by regions containing the original matrix structure. These bands consist of
dense walls of dislocations; largely, screw dislocations having a density ~
1013 m-2. The closest spacing between screw dislocations of opposite sign
is ~ 50 nm, the minimum distance before annihilation occurs. For edge
dislocations, which are more relevant for the deformation of fcc crystals,
this critical annihilation length is found to be 1.6 nm for Cu. It has been
concluded that the annihilation of dislocations can set a natural limit to the
dislocation densities which can be achieved by plastic deformation (typi-
cally less than 1013 m-2 for screw dislocations and 1016 m-2 for edge
dislocations). Steady-state deformation is observed when the dislocation
multiplication rate is balanced by the annihilation rate. This situation
corresponds to the transition of stage (i) to stages (ii) and (iii) as described
above. In this stage, the role of dislocations becomes negligible and further
deformation occurs via grain boundaries. It is expected that the shear
modulus of the grain boundary regions lowers by about 40% when the
“volume-fraction” of the grain boundaries becomes comparable to that of

Section 5.0 - Severe Plastic Deformation
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the crystals.[114][115] Localized deformation then proceeds by the dilatation
of the grain-boundary layers similar to superplastic behavior[116] with the
undeformed crystallites moving in a “sea” of dilated grain-boundaries.
Furthermore, the relative motion of the crystalline grains within the shear
band leads to impingement which should give rise to large, locally inhomo-
geneous elastic stresses. As a consequence, in order to relax these strains,
formation of nanovoids about 1 nm in diameter is expected to occur which
inevitably leads to crack formation under tensile stress.[117] Such a defor-
mation mode basically also provides a mechanism for the repeated fractur-
ing and rewelding of the fresh surfaces during mechanical attrition leading
to a steady-state particle size.

5.2 Cold Rolling of Thin Sheets

An alternate route to producing samples with high levels of both
plastic deformation and interfacial area is by cold-rolling layered elemental
sheets which are folded between each deformation cycle. In this case, the
large increase in interfacial area is created internally with absolutely
negligible contamination. Similarly, in contrast to mechanical attrition, the
uncertainty in the temperature during processing is removed since the
sample is in firm contact with the massive rolls, and deformation can be
performed at a low strain rate to maintain ambient temperatures. This
approach has been used to examine amorphous phase formation in several
binary alloys such as Zr-Ni,[118] Cu-Er,[119] and Al-Pt[120] and also for the
preparation of bulk Fe/Ag nano-multilayers with giant magnetoresistance.[121]

In the prior work on amorphous phase formation, deformation rates
in excess of 1 sec-1 were employed and some annealing was needed to
complete the amorphization reaction. Recently, fully amorphous foils of a
multicomponent Zr65Al7.5Cu17.5Ni10 alloy have been synthesized at ambient
temperatures from a layered array of individual elemental sheets by
repeated low-strain-rate (0.1 sec-1) cold rolling.[122] Figure 17 shows x-ray
diffraction patterns from the Zr-Al-Ni-Cu foils taken after 10, 40, 80, and
120 deformation cycles. Each deformation cycle consisted of rolling the
multilayer sandwich to a thickness of approximately 80 µm and subsequent
folding. High resolution TEM analysis exhibits further evidence that a true
amorphous phase has been formed as shown in Fig. 18.

The x-ray spectrum of the amorphous sample is basically identical
to that of a metallic glass produced by liquid quenching with the same
composition. Thermal analysis of the cold rolled amorphous sample with
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Figure 18. High resolution TEM image of nanocrystalline/glass transition during
cold rolling of thin foils of composition Zr65Al7.5Cu17.5Ni10.

Figure 17. XRD of cold rolled thin foils of composition Zr65Al7.5Cu17.5Ni10.

Section 5.0 - Severe Plastic Deformation
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a DSC reveals a distinct glass transition at Tg = 647 K followed by a sharp
exothermic crystallization peak at 745 K. Note that very similar to amor-
phization reactions observed in mechanically alloyed Zr-based powder
mixtures of similar composition (see “Non-Equilibrium Crystalline and
Amorphous Solid Solutions” in Sec. 3.1), the initial stage of cold rolling is
characterized by the dissolution of solute into Zr along with a reduction in
grain size to about 30 nm before the onset of the crystal-to-glass transition.
The formation of similar amorphous phases from two inherently different
initial states, i.e., the solid and the liquid state, suggest that compositionally
induced static disorder in a mechanically driven system can lead to the same
final glass state which is conventionally derived from freezing the dynamic
disorder of a liquid out to a glass.

The present examples demonstrate that cold rolling for the synthe-
sis of nanostructured materials or multicomponent metallic glasses is an
attractive alternative to more traditional techniques such as mechanical
attrition or liquid undercooling. Due to the relatively simple experimental
conditions, size restrictions do not limit the formation of bulk samples.

5.3 Friction-Induced Surface Modifications

Many microscopic processes occur during mechanical attrition and
mechanical alloying of powder particles which exhibit features in common
with processes relevant in tribology and wear. For example, the effects of
work hardening, material transfer, and erosion during wear situations result
in microstructures of the wear surface which are similar to those observed
during mechanical attrition.[123][124] In particular, during sliding wear, large
plastic strains and strain-gradients are created near the surface. Typical
plastic shear strain rates can correspond here to several 103 sec-1.

Close to the surface of wear scars, as well as in the wear debris of
Cu, nanocrystalline structures have been observed by high-resolution elec-
tron microscopy with an average grain size of 4–5 nm.[125] Within the
interiors of the grains, no defects were observed, suggesting that most of the
defects are absorbed by the grain boundaries due to their proximity.
However, this type of plastic deformation at high strain rates does not seem
to be limited to metals and alloys,[126] but has been observed in ceramics[127]

and diamond[128] as well.
During sliding wear, a special tribological layer develops on the

surface of a sliding component being subjected to large plastic strains. This
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surface layer often is called the Beilby layer, which, for a long time, was
thought to be amorphous because its microstructure could not be resolved
with the instruments commonly used.[129] There are indeed some systems
in which truly amorphous layers are produced by sliding[130] but, in most
cases, the sub-surface layer with a thickness of several micrometers has a
nanocrystalline structure.

For example, during ultrasonic shot-peening, the formation of
nanocrystalline Fe-surfaces has been observed where the initially coarse-
grained structure in the surface layer was refined into equiaxed ultrafine
grains (about 10 nm) with random crystallographic orientation as shown in
Fig. 19.[131][132]

As a further example of technical relevance, the development of
high speed trains reaching velocities higher than 300 km/h is also a
materials challenge concerning the mechanical integrity and safety
required for the railway tracks.[133][134] In particular, the interaction and
slip between wheel and rail has been optimized and is controlled by
sophisticated electronics whereas the materials for the rail have not been
changed in two decades. In particular, on the steel surface (Fe-0.8 at%
C-1.3 at% Mn) where the local pressure typically exceeds 1.0–1.5 GPa,
solid state transformations have been observed which are caused by
friction-induced shear forces and have strong similarities to mechanical
attrition of powder samples.

Corresponding x-ray diffraction and TEM results indicate that the
average grain size of the extremely deformed surface layer corresponds to
about 20 nm, whereas a gradient in grain size is observed further away from
the surface, reaching values up to 200 nm.[135] For example, Fig. 20 exhibits
TEM photographs and the corresponding diffraction patterns of the initial
pearlitic structure (a) in comparison with the nanocrystalline layer near the
surface (b).

As a consequence, hardness measurements have been performed
using a nanoindenter at small loads as shown in Fig. 21. Steep hardness
gradients have been found in cross section with a lateral resolution of a few
micrometers which are clearly correlated with the change in microstructure.
As a result, the hardness is increased from typical values for the pearlitic
steel of approximately 2.5 GPa to 13 GPa next to the surface.

This remarkable increase in hardness and mechanical strength of
regions near the surface is clearly related to the fact that the average
grain size is considerably decreased by the continuous deformation pro-
cess. Similar results have been obtained for mechanically attrited α-Fe

Section 5.0 - Severe Plastic Deformation
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and α-Fe-C-powder processed in a ball-milling device. Here also, an
increase of hardness by a factor of five has been observed.[136] During
mechanical attrition of rail filings (identical composition as rail), a decrease
in grain size to 7 nm after 50 hours of milling time has been observed
together with a dissolution of the carbides. The same observation holds for
the highly deformed rail surface, i.e., a dissolution of carbides and super-
saturation of the α-Fe with carbon. However, due to the powder milling
experiments, it is obvious that the main contribution to the hardness
increase results from the grain size reduction and only partially from the
highly strained martensite-like structure of the bcc iron supersaturated with
carbon.

Moreover, the wear resistance of the nanostructured areas is
increased by a factor of two. Fretting wear measurements typical for the
type of wear in wheel-rail contact reveal wear rates  of 1.55 × 10-5

mm3m-1 for the nanostructured layer and 3.77 × 10-5 mm3 m-1 for the
undeformed surface. The large improvement of the mechanical properties
clearly shows the importance of the formation of nanostructures for
technologically relevant wear problems.

Figure 19. Nanocrystalline iron produced by means of ultrasonic shot peening. (Courtesy
of K. Lu.)
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(a)

(b)

Figure 20. TEM images of (a) the pearlitic structure of a low alloyed Fe-C-Mn steel and (b)
the nanocrystalline structure of an extremely worn surface of a high speed railway track.

Section 5.0 - Severe Plastic Deformation
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Figure 21. Hardness vs depth (distance from surface) for a high speed railway track with
a nanostructured surface due to extreme wear conditions.

6.0 SUMMARY AND OUTLOOK

The solid-state processing methods of mechanical attrition and
mechanical alloying have been developed as a versatile alternative to other
processing routes in preparing nanoscaled materials with a broad range of
chemical compositions and atomic structures. In this process, lattice defects
are produced within the initially single-crystalline powder particles. The
internal refining process with a reduction of the average grain size by a factor
of 103 –104 results from the creation and self-organization of dislocation cell
networks and the subsequent formation of small-angle and high-angle grain
boundaries within the powder particles during the mechanical deformation
process. As a consequence, a change of the thermodynamic, mechanical,
and chemical properties of these materials has been observed with the
properties of nanophase materials becoming controlled by the grain size
distribution and the specific atomic structure and cohesive energy of the
grain or interphase boundaries. Such a transition from dislocation con-
trolled properties to grain boundary controlled properties is expected for
nanocrystalline materials synthesized by other methods as well.[137]
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Mechanical attrition offers interesting perspectives in preparing
nanostructured powders with a number of different interface types in terms
of structure (crystalline/crystalline, crystalline/amorphous) as well as atomic
bonding (metal/metal, metal/semiconductor, metal/ceramic etc.). Due to the
broad range of possible atomic structures, very different properties in
comparison with conventional materials are obtained. For example, nano-
structured particles prepared by mechanical attrition can exhibit unusually
high values in hardness,[138] enhanced hydrogen solubility,[139][140] enhanced
catalytic properties,[141] magnetic spin-glass behavior,[142] etc. This opens
exciting possibilities for the preparation of advanced materials with particu-
lar grain- or interphase-boundary design.

It is expected that the study of mechanical attrition and alloying
processes in the future not only opens new processing routes for a variety
of advanced nanostructured materials but also improves the understanding
of technologically relevant deformation processes on a nanoscale level.
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4

Nanocrystalline Powder
Consolidation Methods

Joanna R. Groza

1.0 INTRODUCTION

To take advantage of the unique properties of bulk nanocrystalline
materials, the nanometer range powders have to be densified into parts of
certain properties, geometry, and size. The key to the nanopowder consoli-
dation process is to achieve densification with minimal microstructural
coarsening and/or undesirable microstructural transformations. In addi-
tion, the fully dense specimen must be of sufficient size for reliable testing
of final properties or a useful final product. Attempts to produce and densify
nanopowders started as early as 1968.[1] These efforts were related to
sintering MgO to achieve superplastic behavior. In the 80s, when nanopowder
production was initiated on a larger scale, attention was directed to
nanopowder processing, as well. However, densification commonly re-
sulted in either grain coarsening, or unacceptably small specimen size and
insufficient bonding. This severely limited the assessment of nanomaterial
properties, particularly mechanical. Uncertain processing of nanopowders
produced artifacts that generated at least some of the controversies on
nanomaterial properties. For instance, lower Young’s modulus and ductil-
ity values are now attributed to the remaining pores, oxides, or incomplete



116 Chapter 4 - Consolidation Methods

particle bonding from nanopowder processing.[2][3] The early 90s empha-
sized the need to develop reproducible processing methods for manufacturing
nanopowders into sizable parts that retain nanometer features. The past half-
decade has brought significant advances in the practice and theory of
nanosintering which consequently resulted in the production of fully dense
parts with nanometer grain size (considered throughout this chapter as ≤
100 nm).

The densification process for conventional powders is well known,
both theoretically and practically. However, the densification of
nanopowders poses significant additional challenges. Powder agglomera-
tion, high reactivity and, therefore, contamination, grain coarsening, and
ultimate loss of the nanofeatures, and inability to fabricate large and dense
parts are among the main problems. The lower temperatures for minimizing
grain growth may hinder good intergranular bonding, thus compromising
the expected high mechanical strength and ductility. Such low sintering
temperatures may also interfere with the thermochemical oxide reduction
on particle surfaces necessary for subsequent sinter bonding. The most
recent efforts have been very fruitful in overcoming some of these problems
(e.g., agglomeration and grain size control). This has been accomplished by
major improvements in the nanopowder synthesis methods and under-
standing of the densification processes such as pore effects in nanosintering.
For nanopowder consolidation, an intriguing question is whether the
sintering mechanisms scale with grain size or are there changes in these
mechanisms when nanoscale is reached? This review has been written with
this question in mind. More specifically, differences between the sintering
of regular and nanosize powders are  highlighted. It is shown that when
smaller scales are approached, atomic mechanisms become more obvious.
For instance, the reorientation during early sintering stages becomes
evident only when particles become very small. Alternatively, the possibil-
ity of new sintering mechanisms is examined.

A number of reviews specifically on nanopowder processing[4]–[6]

and general reviews addressing sintering issues have been published.[7]–[11]

This chapter first covers some thermodynamic and kinetic aspects of
nanopowder densification: driving force, surface energy, sintering mecha-
nisms, activation energies, and scaling laws. Due to the critical effect of
surface contamination on small particles, the impurity role in sintering is
described separately. Next, cold compaction with resultant pore size
and distribution and their effects on sintering and grain coarsening are
addressed. The presentation of the sintering process of nanoparticles is
divided into pressureless (conventional) and pressure-assisted sintering.
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Finally, methods for full densification of nanopowders and their ability to
maintain the nanosize features are presented.

2.0 SPECIFIC ISSUES IN THE
DENSIFICATION OF NANOCRYSTALLINE
POWDERS

2.1 Thermodynamic and Kinetic Effects

Thermodynamically, nanopowders are highly unstable, some-
times by as much as 10–50 kJ/mol. The sintering process is driven by the
tendency to reduce the excessively large surface area per unit volume. The
extra energy of a surface with a radius of curvature, R, may be calculated
as a stress (σ) in a Laplace equation:

Eq. (1) σ = γ /R

where γ is the surface energy. In nanomaterials, this sintering stress may
reach very high values. For instance, the sintering stress may be as large as
300 MPa in 10 nm particles compared to only 3 MPa for 1 µm particles, if
γ has a typical value of 1.5 J/m2.[12]

For traditional sintering studies, the surface energy is assumed to be
isotropic. The implications and difficulties brought about by this simplifying
assumption in conventional powders, particularly for ceramics which are
more anisotropic than metals, have been addressed.[13] For nanocrystals
with significant surface area, the anisotropy problem becomes even more
critical. First, sintering starts at a lower temperature. In this case, the effects
of surface energy anisotropy are more pronounced. Usually, if the tempera-
ture is sufficiently high, the surface energy anisotropy may be reduced.
Second, direct TEM studies of γ-Al2O3,

[14] ZrO2,
[15][16] and CeO2

[17] indeed
showed that nanoparticles have a faceted appearance with anisotropic
surface energies. Even for metals, a departure from the ideal spherical
particle concept and, therefore, isotropy is accentuated in the nanosize
range. Theory and experiments have indicated that clean fcc particles, with
diameters less than 4–7 nm, have an icosahedral configuration with multiple
twins in their equilibrium condition.[18] In metals, HREM studies revealed

Section 2.0 - Densification of Nanocrystalline Powders
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faceted nanoparticles which are ascribed to surfaces with minimum ener-
gies.[19] The highly anisotropic behavior of nanoparticle surfaces may be
responsible for the crystallographic alignment, which has been often ob-
served. As detailed later, both in-situ TEM sintering studies and Molecular
Dynamics simulations indicated that nanoparticles rotate and align when
necking occurs between loose particles.[15][20] Agglomeration of β-SiC
nanoparticles into open strings has been noticed by Conder, et al.[21] An
atomic force microscopy study showed that nano-TiO2  powders obtained by
gas condensation have a preferred alignment in a chain-like structure for
specimens compacted at room temperature.[22] Although not specifically
shown, some crystallographic alignment may be implied.

The different local atomic arrangement at the surface of a nanocrystal
may result in a different surface energy value than in conventional powders.
This may be the case of amorphous layers which have been observed on Al
nanoparticle surfaces.[23] As Cahn infers, the different nature of the surface
oxide on nanopowders may be an indication of a different surface struc-
ture.[24] Experimentally, Trudeau, et al., showed highly non-stoichiometric
surface oxides on nanocrystalline catalysts.[25] BaTiO3 has a cubic surface
layer on the tetragonal bulk nanocrystal.[26] Although some caution is in order,
Payne also showed that interfaces display electronic states and, therefore,
properties different from bulk crystals.[27] The interfacial energy may be
modified by any distortion of a surface structure such as segregation or
adsorption of impurities. Impurities dictate the thermodynamics of surface
and surface behavior of nanoparticles. In the Al2O3 system, calorimetric
studies by Navrotski and co-workers indicated that hydration at surfaces of
nanocrystals results in equal surface energies of α and γ polymorphs, despite
the lower surface energy of anhydrous γ -Al2O3.

[28] This lower surface energy
induces the stabilization of γ -Al2O3 in nano-aluminas instead of the α -Al2O3

which is stable in conventional crystals.[29] Surface hydroxyls on γ -Al2O3

surfaces  which are present up to high temperatures induce sintering
difficulties of this ceramic.[28] Macroscopically, stabilization of particle
surfaces, i.e., lower surface energy values when oxides are formed, results in
a decrease of the driving force for sintering. This has been observed in
nanosize particles which typically contain large amounts of adsorbates (e.g.,
high oxygen in TiN[30]).

In addition to the inherent morphological metastability related to fine
grain size, nanocrystalline materials often display topological (e.g., alternate
crystal structures than at equilibrium) or compositional (e.g., extended solid
solubility or amorphous phase) metastabilities.[5][31] Alternate crystal struc-
tures are found in materials with high pressure polymorphism, such as cubic
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BaTiO3,
[32] monoclinic Y2O3,

[33] and tetragonal ZrO2
[34] owing to Gibbs-

Thompson effect. Alternate crystal structures due to interfacial energy effects
at large undercoolings were shown by Krauss and Birringer in nanocrystalline
refractory metals (the A15 modification of β-W and β-Ta).[35] These
metastable phases are obtained only in powder form. When films of W and
Ta have been synthesized with same grain size, only the equilibrium
structures have formed. In contrast to high pressure ceramic phases, the latter
metal structures have a lower density than the equilibrium crystals. The
retention of initial powder metastability into the bulk parts is relevant to their
sintering. To retain the unique properties of nanocrystals throughout sinter-
ing, grain size must remain below the critical value at which property
conversion occurs. Some critical grain sizes at which nanomaterial structure
or physical properties revert to those of conventional materials are compiled
in Table 1. For some other properties, i.e., mechanical, such a threshold value
has not been proved or this value is property dependent. Moreover, there is
not yet consensus on the strengthening benefits in the nanocrystalline range,
but the current efforts are to push the limit towards increasingly smaller grain
sizes. Therefore, an arbitrary limit for the maximum grain size in the
nanocrystalline materials is often considered at ≤ 100 nm.

Table 1. Critical Grain Size of Nanocrystals Below Which Structure/
Property Characteristics Are Different From Conventional Materials.

Section 2.0 - Densification of Nanocrystalline Powders
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Significantly enhanced kinetics are expected for processes that
display a direct grain size dependence. For sintering, this dependence may
be illustrated using the equation for the densification rate (dL/Ldt) developed
by Johnson and co-workers for all stages of sintering:[39]

Eq. (2) 




 +=−

34

����

d

D

d

D

kTdtL

dL vvbbδ

where γ is the surface energy, Ω is the atomic volume, δ is the grain
boundary width, Db and Dv are the grain boundary and bulk diffusivities, Γb

and Γv are functions of density, kT has the usual meaning, and d is the grain
size. From this equation, it is seen that decreasing grain size by three orders
of magnitude (e.g., from µm to nm) could enhance sintering rates by up to
12 orders of magnitude. Consequently, sintering of nanopowders may be
accomplished at significantly lower temperatures and shorter durations
than conventional powders. This has been noticed for numerous real
nanoparticle sintering, as detailed later in this section. A more dramatic
effect of the sintering temperature depression in nanopowders is seen in the
liquid phase sintering systems, such as WC-Co. Due to the accelerated
sintering at lower temperatures in the nanoregime, full densification may
take place entirely during solid-state sintering.[40]

2.2 Sintering Mechanisms

The densification process consists of solid particle bonding or neck
formation followed by continuous closing of pores from a largely open
porosity to essentially a pore-free body. For simplicity, solid-state densifica-
tion is considered to be accomplished through three stages: initial, intermedi-
ate and final. Multiple mechanisms are involved throughout these stages,
namely, evaporation-condensation, surface diffusion, grain boundary diffu-
sion, bulk diffusion, viscous flow, and plastic deformation. Each transport
process exhibits a particular dependence on the particle/grain size and defect
density. The highest sensitivity on particle size is that of surface and grain
boundary diffusion. Although simultaneous mechanisms participate, the
common sintering models attribute a predominant mass transport path to a
specific sintering stage. For instance, surface diffusion is considered the
principle mechanism during the initial stage when the main event is the neck
formation. So far, a similar partition of the sintering process is accepted in the
existing sintering theories applied to nanopowders.[4]
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For nanoparticles with excessive surface area and highly curved
surfaces, surface diffusion is expected to be extremely rapid in early sintering
stages. Evidence of the surface diffusion contribution to the neck formation
in nanopowder sintering is given by many researchers. Thuenissen, et al.,
attributed the neck area increase to surface diffusion in nanoscale Y-TZP
ceramics.[41] Hahn, et al., observed the elimination of small pores by rapid
surface diffusion between 425 and 775 K in nano-TiO2.

[42] Surface diffusion
was the main mechanism for neck growth noticed by in-situ TEM studies of
alumina[14] and zirconia.[15][43] Bonevich and Marks studied neck formation
between two alumina grains which retained their orientation.[14] The fast neck
formation and atomically sharp neck interfaces prompted them to conclude
that surface diffusion is the most probable sintering mechanism. In their study
of neck formation and growth in nano-zirconia, Rankin and Sheldon consid-
ered the lack of change in the particle center spacing as an indication of a
surface diffusion mechanism.[15] Surface fluctuations involving clusters of
atoms were visible in a way similar to formation and dissolution of ledges on
atomically smooth surfaces.[15][43] Surface diffusion is known to occur by this
terrace-ledge-kink mechanism. This mechanism becomes more evident for a
faceted, anisotropic surface structure such as in ultrafine alumina particles.[14]

This is an illustration that atomic mechanisms may be more easily unveiled
when smaller scales are approached.

For conventional powders, it is known that surface diffusion does not
lead to densification but to grain coarsening.[44] As already shown in this
section, surface diffusion mechanisms are most sensitive to particle size.
Therefore, enhanced surface diffusion with reduced low-temperature den-
sification should be observed in sintering nanoparticles. Abnormal grain
growth and pore coarsening without densification were noticed at low
sintering temperatures in ultrafine silicon.[45] However, this is more of an
exception, since for nanoparticles, enhanced low temperature densification
has been typically observed. Whereas detailed later, a substantial reduction
of the sintering onset temperature was experimentally reported.[4]–[6] Molecu-
lar Dynamics simulations also indicate extremely fast sintering behavior of
nanoparticles.[20][46] Surface diffusion cannot explain this behavior. Further-
more, the usual approach of using high heating rates to avoid deleterious
surface diffusion does not seem to always apply to small powders. In some
cases, slow heating rates induced surprisingly high densities.[47] In other
cases, no effect of the heating rates on densification or grain growth has been
observed.[48] Although in the latter, the heating rates used (2–200 K/min)
may be too slow to suppress grain coarsening, the contribution of surface
diffusion to nanosintering is not clear. The ratio between bulk (and/or grain

Section 2.0 - Densification of Nanocrystalline Powders
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boundary) and surface diffusion contribution to overall densification is not
known and may be different compared to conventional materials. Grain
boundary diffusion is certainly enhanced in nanopowders compared to
conventional sintering. Either a major shift in the contribution of various
diffusion mechanisms or a change in the sintering mechanisms is possible, at
least in the initial densification stage.

Some other mechanisms for neck formation in nanopowders have
been suggested: grain boundary slip, dislocation motion, grain rotation,
viscous flow and even grain boundary melting. Thuenissen, et al., implied that
grain boundary sliding assisted by surface diffusion is the main contributor to
early densification in Y-TZP.[41] For the particular grain and pore size
conditions, the calculated sintering stress (70 MPa) is considered sufficient to
cause grain boundary sliding and particle rearrangement. A low calculated
activation energy, smaller than for any known diffusional mechanism in the
context of large porosity and small grain size, may be compatible with grain
boundary slip assisted by surface diffusion. As shown later in this section, if
grain rotation is restricted, grain boundary sliding may become active.[46] This
grain boundary sliding, similar to superplasticity, may be effective in the
densification of nanoparticles by severe plastic deformation.[49]

Dislocation motion, viscous flow, and grain rotation mechanisms
were identified by Averback and co-workers using Molecular Dynamics
(MD) calculations to simulate nanoparticle sintering.[20][46][50][51] They
showed sintering of a nanoparticle pair taking place in picoseconds.
Calculations for the observed shrinkage based on surface or grain boundary
diffusion cannot explain this rapid sintering.[46] To account for the shrink-
age, the grain boundary diffusivity in Cu at 700 K has to be 10-2 cm2/s, a
value which is two orders of magnitude larger than liquid diffusivity in Cu.
They attributed this rapid shrinkage simultaneous with neck formation to
fast dislocation activity driven by the contact Hertzian stresses that exceed
the ideal shear strength.[50] An experimental confirmation of such high
stresses has been recently provided by dipole stress fringes observed at the
contact of two Co nanoparticles.[52] In this case, dislocations are generated
in the neck and move along the usual slip systems in the fcc crystals. This
dislocation motion was sufficient to explain a shrinkage of ~10.6% in the
sintering of two copper spheres. After the neck forms by dislocation slip,
the adjacent particles rotate to achieve a minimum grain boundary
energy.[20][50] TEM studies of ceria nanoparticles indicate some particle
coalescence which may be attributed to such a rotation process.[17]

Similarly, copper nanoparticles were shown to rotate to take the orientation
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of a clean copper substrate after deposition and modest heating to 0.35 Tm.[53]

The reorientation that induces coalescence occurs when grain boundary
motion is faster than surface diffusion. This rotation may at least partially
explain twin formation in nanosize metals. Twins have been commonly
observed in fcc nanoparticle pairs.[18][54][55] Particle rotation was actually
observed by in-situ TEM of ZrO2 nanoparticles.[15] An epitaxial regrowth
process of one grain that initiated at the neck was also reported in δ -Al2O3.

[14]

A simulation of seven initial cylindrical particles further indicated grain
rotation to finally form one single grain.[46][50] Experimentally, Thuenissen, et
al., documented the formation of single crystal aggregates (14 nm) from
several initial 8 nm particles.[41] This occurred in early densification stages
with no visible macroscopic shrinkage, typical when surface diffusion
operates.

For materials with difficult dislocation motion, such as intermetal-
lic compounds, MD simulations indicate that viscous flow is the main
mechanism for neck formation and growth.[46] When three or more particle
sintering is simulated, the contributions of these mechanisms is different.
Dislocation motion cannot provide full densification, and diffusion mecha-
nisms have to contribute to densification. Grain rotation is also restricted.
This restriction creates large residual stresses. Further densification is
accomplished by grain boundary sliding.[46] Alternatively, the large grain
boundary stresses may induce melting or amorphization that also results in
enhanced densification.[50][51] On a different theoretical basis, Trusov, et al.,
also claim that viscous flow is the predominant mechanism in the early
stages of sintering nanoparticles.[56] They demonstrate that vacancies
generated at grain boundaries and pores may reach pre-melting levels in a
very short time. Dominguez, et al., also describe sintering of nanosize Cu and
Fe based on grain boundary amorphization or melting mechanisms.[57]

While there is some theoretical and experimental evidence to
support these new mechanisms involved in the nanopowder sintering, there
is still much uncertainty about their individual or collective contribution to
the overall sintering process. Whether these new mechanisms are generally
applicable or system specific is largely unknown. If new mechanisms
contribute to nanosintering, a simple scaling down of the conventional
sintering equations is not applicable. Careful re-inspection of the simplify-
ing assumptions used to derive the sintering equations is required. Particu-
larly, surface effects and particle anisotropy should be reconsidered.
Sintering diagrams indicating different mechanisms as a function of
sintering stage and powder size would be most helpful.

Section 2.0 - Densification of Nanocrystalline Powders
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Activation Energy. Commonly, the calculation of activation energy
values provides insight into the microscopic process mechanisms. As  already
shown in this section, sintering is accomplished by multiple mechanisms. The
identification of the specific mechanisms is complicated since they change
while sintering progresses. As a result, the interpretation of the Arrhenius plots
in sintering is difficult, as emphasized in sintering literature.[44][58] This is even
more true for nanoparticles as seen in only a few activation energy values
available. In addition to the difficulty of identifying a dominant mechanism,
sintering mechanisms change with particle size. The largest departure from
conventional sintering is seen in the initial sintering stages. In these stages,
lower activation energies than for conventional diffusion have been reported.
For instance, Trusov, et al., report a lower activation energy (134 kJ/mol)
than for surface diffusion (~ 300 kJ/mol[44]) in 40 nm tungsten.[56] Vergnon,
et al., cite activation energies of 234 kJ/mol for 13.5 nm Al2O3 and 96 kJ/mol
for 11.5 nm TiO2.

[59] As mentioned earlier, Thunissen, et al., also found an
atypically low activation energy (100 kJ/mol) in the early sintering of 15 nm
Y-TZP.[41] In contrast, when the particle size was 50 nm, the activation
energy had the usual value of 275 kJ/mol. An activation energy comparable
to liquid diffusion was reported for nanoparticle iron and copper sintered in
hydrogen by Dominguez, et al.,[57] Some of these low activation energy values
can not unambiguously be assigned to surface diffusion due to the lack of
comparable literature data, particularly for ceramics. In addition, a more valid
comparison should use nanomaterial diffusion data rather than diffusion data
on regular materials. As already mentioned, the low activation energy values
in early sintering stages may be indicative of some different mechanisms that
occur in sintering nanopowders.

For late sintering stages, activation energies are in better agreement
with values determined for sintering of conventional powders.[41][60][61] For
instance, Messing and Kumagai found activation energies that correspond
to volume diffusion for sintering α-Al2O3 at 90% density.[60] By late
sintering conditions, the initial nanopowders have already lost some of the
more conspicuous initial nanofeatures and, therefore, their densification
behavior converges towards that of regularly grained materials. Only slight
changes, such as the predominance of grain boundary diffusion instead of
volume diffusion, have been noticed in the densification by power law
creep of Fe-10 wt% Cu during sinter forging.[61] This shift to grain boundary
diffusion is not unreasonable since sintering temperatures are lower than in
large grain powders.
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Scaling Law. As already mentioned, the onset of sintering is
consistently reported to be significantly lower in nanoparticulates com-
pared to conventional materials.[30][57][61]–[69] The sintering of both metal and
ceramic nanoparticles was found to start at temperatures of 0.2–0.4  Tm as
compared to 0.5–0.8 Tm for conventional powders. Some examples of the
sintering onset variation with particle size are shown in Table 2. Densi-
fication of nano-TiN starts at 1170 K and is completed below 1823 K,
whereas, the microcrystalline powder is only 63% dense at 1823 K.[30]

Full densification of nanopowders is completed at temperatures lower than
that for conventional powders, as well. In Si3N4, Pechenik, et al., fully
sintered nanopowders at 700 K lower than the coarse grained analogs.[66][67]

TiC powder of 140–170 nm particle size sintered to 91% density at 1900 K
as compared to 5 µm powder that achieved the same density at 3070 K.[68]

Sintering of nano-ZrO2 is completed at 1745 K, while commercial powders
sinter at > 1945 K.[63] Nanometer size TiO2 (12–14 nm) completes sintering
at ~1300 K compared to more than 1670 K for 1.3 µm TiO2.

[42] For gel-
derived TiO2  powders, near full density is achieved at 1075 K.[69] Presently,
the lower sintering temperatures of nanopowders are well recognized and
fully exploited in numerous applications. Technologically, there are sig-
nificant benefits from the lower sintering temperatures of nanopowders:
possibility of avoiding sintering aids, phase decomposition, deleterious
interfacial interactions, and undesirable phase transformations (e.g., the
monoclinic to tetragonal ZrO2 transformation that inevitably results in
cracking).[63][70]

Table 2. Sintering Onset For Nanoparticles

Section 2.0 - Densification of Nanocrystalline Powders
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To rationalize this decrease in the sintering temperature, different
scaling laws have been applied. For particles under 100 nm, Alymov, et al.,
developed an empirical relationship for the dependence of the sintering onset
temperature, Ts, on the mean particle size, d:[65]

Eq. (3) ln Ts = 1/d

They calculated a ratio of sintering onset to melting temperature which is
in good agreement with experimental data for sintering of nanometals. In
1950, Herring developed the classical scaling rule for the effect of the
particle size on sintering time.[71] The time, t, to achieve the same sintering
condition is related to the powder particle size, d, if the same sintering
mechanisms operate, by the equation:

Eq. (4) t1/t2= (d1/d2)
n

where n is the exponent which has a value of three if the main
sintering mechanism is volume diffusion and a value of four if the main
sintering mechanism is grain boundary diffusion. Considering the Arrhenius
expression for temperature, the sintering temperature dependence on the
particle size becomes:

Eq. (4a) n ln(d1/d2) = Q/R[(1/T1)-(1/T2)]

where Q is the activation energy for the predominant sintering mechanism,
R is the gas constant, d1 and d2 are the different powder particle sizes and
T1 and T2 are their respective sintering temperatures. Reasonable agreement
of experimental and calculated data was found in TiO2 and Al2O3 assuming
certain diffusion mechanisms.[60][62] For instance, in TiO2 the quantitative
agreement was better when grain boundary diffusion was considered  the
sintering mechanism.[62] The fitting value for the activation energy used
(139 kJ/mol) is close to half of the activation energy for lattice diffusion in
TiO2 (251 kJ/mol), a typical ratio for grain boundary to lattice diffusion. For
Al2O3 the calculated values are in closer agreement with the experimental
values again if the activation energy for grain boundary diffusion is used.[60]

But, in this system, Kumagai and Messing measured an activation energy
for sintering close to volume diffusion (543 kJ/mol). When applying
Herring’s law to Andrievski’s data[72] on sintering pure nickel particles of
different sizes to 60% density, the calculated activation energy value (239
kJ/mol) was closer to volume diffusion (284 kJ/mol) than to grain boundary
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diffusion (115 kJ/mol) in nickel. However, volume diffusion is less likely
to be the principle sintering mechanisms since temperatures are low and
particles are fine. These discrepancies point  to the uncertainties in using the
scaling law to determine the activation energy values and thus, deduce the
sintering mechanisms. Conversely, the predictions of sintering tempera-
tures as a function of particle size may not be accurate, giving primarily
qualitative estimates. The main concern in using Herring’s scaling law is
related to a possible change of sintering mechanisms from conventional
size to nanopowders and sintering temperature. Sintering at lower tempera-
tures may induce a mechanism shift even if particles are conventional size.
For nanoparticles, indications of possible changes in the sintering mecha-
nisms have been already shown. Furthermore, in using Eq. (4), the initial
grain size is considered despite grain coarsening that always occurs starting
with the intermediate sintering stage. Usually, sintering models also neglect
grain growth. Finally, as in any extrapolation, a careful inspection of the
initial assumptions is in order. Herring cautioned that the degree of
contamination on the surface should be kept the same for all particle sizes.
This is definitely questionable when conventional and nanosize particles
are compared. Not only have higher contamination levels  been reported,[72]

but also different types of oxides have been identified on nanoparticles.[23][25]

In addition, when sintering occurs at lower temperature, the complete
reduction of oxides or hydroxides may be hindered. The specific effect of
the surface contamination on sintering is discussed in the next section.

2.3 Impurity Role

As a surface controlled process, sintering is critically dependent on
particle surface condition. Surface properties become even more dominant
in the sintering of nanoparticles. Studies of this topic abound since particle
surface properties affect not only individual particle properties and sinter-
ing behavior, but also final mechanical properties. This explains the
precautions to eliminate contamination by in-situ consolidation of metal
nanopowders produced by inert gas condensation for careful mechanical
property characterization.[2][73] In ceramics, sinterability and mechanical
properties are also highly affected by surface impurities. For instance, when
the inherent surface SiO2 is present on Si3N4 particles, sintering is en-
hanced, but creep strength and toughness are impaired during Si3N4 part
service.[74]

Section 2.0 - Densification of Nanocrystalline Powders
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The excessive surface area of nanoparticles justifies the focus on
powder contamination. Using photoacoustic infrared spectroscopy, Ying
documented larger amounts of adsorbates on nanoclusters than on conven-
tional γ-Al2O3.

[75] Andrievski measured about 120 cm3/g of absorbed gases
such as N2, H2 and H2O in 50 nm pure Ni powders  compared to 40 and 8
cm3/g for 5 and 50 µm powders, respectively.[72] The impurity amount is
highly dependent on the processing method. Generally, the processing path
has a significant effect on nanocrystalline microstructures and, hence,
sinterability.[4][8][60][76] For instance, powders obtained by mechanical
attrition are inevitably more contaminated than those produced by other
processes (e.g., by inert gas condensation). Oxides, nitrides, and other
compounds are often found in consolidated parts made of attrition-milled
nanopowders.[77][78] Although products of contamination, these compounds
may be used to advantage  to prevent grain coarsening[78] when present as
fine dispersions. Conversely, a fine grain size was more difficult to  retain
in high purity powders or during consolidation in high purity conditions.[73]

The influence of contamination on sintering was studied by in-situ
TEM under controlled oxygen levels compared to ultrahigh vacuum
conditions.[18] Studies of the early sintering stages in ultraclean conditions
have been performed for both metal and ceramic nanopowders.[14][15][79]

All results indicate that ultraclean nanoparticles sinter very rapidly even at
room temperature. This rapid sintering is in agreement with MD simula-
tions.[20][46][51] As shown in Sec. 2.2, neck growth occurs by surface
diffusion, dislocation motion, and grain rotation. In contrast, when the
sintering of nanoparticles takes place in the presence of controlled oxygen
traces, very little or no neck growth is observed.[18] This oxygen contamina-
tion decreases the surface energy and slows down the sintering kinetics.
More specifically, TEM studies showed that sintering of Fe-Ni nano-
particles starts only when oxide layers are reduced.[80] Sintering occurred
above 500 K in hydrogen. When vacuum was used, no sintering took place
up to 725 K. As already mentioned, reducing the amount of oxygen in TiN
nanopowders decreases the sintering temperature.[30]

The sintering environment appears to have a similar effect in
nanopowders as in conventional ones. Dominguez, et al., calculated a lower
activation energy for the sintering nano-iron in hydrogen compared to
vacuum.[57] In these results, the former activation energy corresponds to
liquid-like diffusion, while the latter is for more conventional grain
boundary diffusion. Consistently, ceramics sintered better—higher densities
at same temperatures or similar densities at lower temperatures—in vacuum
than in air.[63][64]
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To avoid further contamination, the as-produced nanopowders
may be either consolidated in-situ or handled in controlled environment
prior to sintering. Both approaches add large costs to the actual component
production. In a manufacturing environment, powders are consolidated in
a place remote  from the powder producing area. Therefore, contamination
of small particles is likely to occur. The oxygen role in nano-iron sintering
was addressed by Bourell and Kaysser.[81] The powders were produced by
an evaporation-condensation method. Although sintering was carried out in
a reducing hydrogen atmosphere, oxygen was found as fine oxides in the
densified product. Alternatively, consolidation processes that are less
susceptible to the contamination levels are recommended (e.g., high pres-
sure consolidation and severe plastic deformation), although not always
practical. Some electrical field assisted sintering processes that claim an
initial oxide reduction may be also helpful (e.g., plasma activated sintering).

2.4 Green Density of Nanopowders

The initial step in most densification processes is to compact the
powders at room temperature, or cold compaction, to form a green body.
Final sintering results are largely dictated by the green compact microstruc-
ture. A larger number of initial point contacts, smaller pores in a high green
density compact, and a uniform pore distribution favor higher final density.
Sintering times may be shorter and lower sintering temperatures may be
used. Conversely, many sintering defects may be traced to the green
compact structure. Inhomogeneities in density, packing, and particle size
in green compact will limit the final sintered density. Such an example is
the crack generation in ceramics upon sintering inhomogeneous cold
compacts. Generally, nanocrystalline powders are less forgiving of defects
in green compacts  compared to conventional powders. The most common
problem is the elimination of large pores that originate from the green
compact. This elimination requires high temperatures upon subsequent
sintering, thereby, promoting unwanted grain growth and losing the desired
nanosize features.

Cold compaction comprises specific stages that involve sliding and
rearrangement of particles, elastic compression at particle contact points,
plastic yielding for metals or fragmentation for brittle materials. Similar
steps are seen in nanopowder compaction. The principle differences in
nanoparticles arise from the specifics of small particle sliding and friction,

Section 2.0 - Densification of Nanocrystalline Powders



130 Chapter 4 - Consolidation Methods

as well as from the changes in dislocation-assisted deformation behavior.
Sliding and rearrangement in nanopowders are severely restricted owing to
large frictional forces among powder particles.[4][72][82] These forces are a
result of mechanical, electrostatic, van der Waals, and surface adsorption
phenomena that become much more significant as particle size decreases.
Mechanical friction resistance is substantial due to numerous interparticle
contact points. Irregular particle boundaries favor agglomerate formation.
As a result, particle rearrangement is hindered and lower green densities
are likely to be achieved  compared to conventional micron size powders
(Fig. 1). For example, Bourell, et al., achieved 45% density for 70 nm Y-
TZP and only 29% for 40 nm.[84] Conversely, when particle sliding is
facilitated, high green values are obtained. This may be accomplished by
using lubricants or coatings. The latter technique has been used predomi-
nantly in ceramic compaction to isolate individual particles by encapsula-
tion or sheathing.[85][86]

As an example, rare earth carbide nanocrystals have been carbon-
coated to prevent degradation by oxidation or hydrolysis.[85] Similarly,
carbon coating on ferromagnetic powders acted as an effective oxidation
barrier.[86] Although no results on packing or consolidation behavior of
coated particles are presented, the carbon surface layer and the spherical
morphology thus obtained should improve powder flow and alleviate
agglomeration problems. For both metals and ceramics, the lubrication
action of liquid nitrogen during low temperature compaction has been
shown to improve rearrangement, thus providing higher green density
values (note the cryogenic compaction data point in Fig. 1).[82] As a natural
extension, wet processing provides significantly improved packing unifor-
mity of ceramic nanopowders.[4] For instance, a green density (74%) close
to the ideal value that results by packing monosize spheres was achieved in
12.5 nm Y2O3-doped ZrO2 by centrifugation from a slip suspension.[87]

 A better initial particle rearrangement facilitated by good wetting
enhances sinterability even without increasing green density. For instance,
Yan and Rhodes achieved 99% density by pressureless sintering of only
41% dense green compact of TiO2 nanopowders prepared by the
centrifugation method.[62] Similar full densification with 80 nm final grain
size after wet compaction is reported by Mayo in ZrO2-3 mol% Y2O3.

[4]

These results are to be contrasted to dry compaction of the same powders
that requires 0.5–1GPa pressure to achieve similar densification characteris-
tics. Therefore, techniques that take advantage of the wet processing of
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ceramics such as centrifugation, tape and slip casting, and osmotic and
pressure filtration are on the rise. Osmotic compaction has been recently
applied to ceramic powder compaction based on the osmotic chemical
potential action. Equal or greater green densities than in physical pressure
applications have been achieved with no mechanical breakage that external
forces may produce. In 8 nm zirconia, Miller and Zukovski obtained about
47% dense samples by an osmotic pressure equivalent to 12 MPa.[88]

Although final sintering of osmotic specimens has not yet been performed,
the expectation is for high density values due to homogeneous packing
similar to wet compaction. More results on cold compaction of ceramics are
discussed in a review by Mayo.[4]

Figure 1. The effect of particle size on green density upon conventional dry compaction
(uniaxial pressing) for 50 nm Ni and 50 nm Si3N4.[71] Also shown are data points for dry
(triangle) and cryogenic compaction (square) of 20 nm γ -Al2O3

[82][83] and 8 nm ZrO2
(diamond).[64] All compactions performed at 1 GPa.

Section 2.0 - Densification of Nanocrystalline Powders
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Cold Compaction of Nanocrystalline Ceramics. In dry compac-
tion, ceramic powders are more difficult to compact than metals (compare Ni
and Si3N4 compaction lines in Fig. 1). An equation for calculating the pressure
necessary to achieve a certain density based on volume changes with pressure
was developed by Chen and Malghan for cold compaction.[83] Experimen-
tally, the literature reports indicate room temperature densities reaching >95%
for nanometals but only 75–90% for nanoceramics.[9][89] However, there are
a few cases when ceramics pack better than metals by compaction at room
temperature (see Al2O3 and ZrO2 data points in Fig. 1). Note that all these high
densities were achieved by applying a very high pressure of 1 GPa. Indeed,
green density increases with pressure applied. For instance, results for 70–80
nm TiN nanopowders show that green densities up to 65% may be reached
by conventional cold compaction. At very high pressures (7 GPa) the density
obtained was close to 80%.[90] In cold isostatic pressing at very high pressures
(up to 5.6 GPa), densities in excess of 90% for nanocrystalline Al2O3 and 80%
for SiO2 have been achieved by Gallas, et al.,[89] A major inconvenience in
applying large pressures, other than equipment limitation, is the high level of
residual stresses in ceramic powders that may result in fracturing upon
subsequent handling.[4]

At lower pressure values, the hard agglomerates formed in ceramics
cannot be fractured. To break these agglomerates, a critical pressure is
necessary (Fig. 2). On a density-pressure plot, the transition point, Py ,
where the slope change occurs, is interpreted as the strength of the
agglomerates. Above Py , the weak agglomerates break (Curve 1, Fig. 2).
When agglomerates are strong and dense, they do not break and, conse-
quently, no transition point is seen (Curve 2, Fig 2). This is the case of the
agglomerates in calcined water-washed yttria-stabilized zirconia that sur-
vive cold isostatic pressing at 400 MPa.[91] If powders contain no or weak
agglomerates, the final result of the pressure application is a uniform
distribution of small pores with favorable consequences for final sintering.
Such a gradual change from a bimodal pore distribution in agglomerated
powders to only small pores by pressure application was documented by
van de Graaf, et al., in 8 nm 17% Y2O3–ZrO2 ceramics using a porosimetry
technique.[92]

A high value of the green density may not always reflect a uniform
pore size and distribution. When large agglomerates are present, the green
density may be larger than in non-agglomerated powders, similar to
bimodal size powder packing. For instance, a high density of 75% in as-
compacted nano-TiO2 at 425 K under 2 GPa pressure for 2 hours was
explained by easier packing of large agglomerates (50 nm) rather than
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individual smaller particles (14 nm).[42] For practical purposes, transpar-
ency of green ceramics may be used as a quick check of the compaction
results.[4][89] A translucent green compact is an indication that pores are
smaller than the visible light wavelength and consequently may reach high
densities upon further densification.

Figure 2. Compaction behavior of ceramic powders (from Refs. 91 and 92). Curve 1: Weakly
agglomerated ZrO2 -17% Y2O3. Curve 2: Hard agglomerates in 5%Y-TZP.

Cold Compaction of Metals. To achieve high green densities of
metal nanopowders, plastic yielding is necessary which, in turn, requires high
compaction stresses. These high stresses are rationalized based on the Hall-
Petch dependence of yield stress, σ, upon grain size, d, (i.e., σ ∝ d-1/2).[93]

According to the pressure densification models, plastic yielding takes place
when the effective pressure is several times the yield strength of the particle
material.[8][61] Such high stresses may be commonly achieved using high

Section 2.0 - Densification of Nanocrystalline Powders
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pressure equipment such as a diamond or WC cubic anvil cell. Gutmanas,
et al., obtained high densities up to 97% at room temperature and 99% at 575
K in Ni (65 nm) and Fe (30 nm) at 3 GPa in a high pressure cell made of high
speed steel.[94] Historically, high pressure consolidation has been the preferred
in-situ consolidation method for classical nanopowders obtained by the inert
gas condensation (IGC) method.[9][95]–[98] Specimen size is usually small, not
exceeding 1 mm in thickness. Sometimes, densities close to the theoretical
have been achieved by low temperature sintering (e.g., 575 K) after cold
compaction under high-pressure of nanocrystalline metals (Ni, Fe, Al).[94] For
a more detailed theoretical and experimental treatment of high pressure cold
compaction of nanopowders, the reader is referred to Gutmanas’ review.[7]

The usual dependence of green density of nanometals as a function
of applied pressure has two regions (Fig. 3). At lower pressures, there is a
linear increase of density with pressure. At larger pressure values, the slope
is considerably less. This region is attributed to work hardening.[7][93] As
seen in Fig. 3, little work hardening is experimentally observed (Note the
flattened compaction curves at high pressures in 50 nm Ni, Fig. 3a). This
is in contrast to submicron or micron size powders for which strain
hardening of 200–300 MPa has been observed in cold sintering.[7] The
difficulty for strain hardening in nanomaterials is explained by restricted
dislocation generation and flow. A more detailed discussion of the role of
strain hardening in nanopowder consolidation may be found in Gutmanas.[7]

A particular case is represented by mechanically alloyed powders
which most commonly consist of micron size particles with multi-grains in
the nanometer range. In this case, the particle size dictates the cold
compaction behavior and high green densities are, therefore, achieved. For
instance, a green density of ~90% has been reached under 1 GPa pressure
in mechanically alloyed Fe3Al powders.[99]

As shown in Sec. 2.1, the particle surface state becomes increas-
ingly important in nanopowders due to the dramatic increase in the surface
area. Literature examples illustrate the interdependence of green density
value on surface chemistries, adsorption characteristics, and reactivity.
Andrievski measured high absorbed-gas levels on 50 nm Ni powders and,
consequently, attained low final green densities even at high pressures.[72]

As seen in Fig. 3a, the green density values reached in these powders at 1
GPa pressure by uniaxial pressing are only ~58%. Even lower green density
values were obtained for smaller Ni powders (e.g., 15 nm Ni in Fig. 3a). For
comparison, 50 µm Ni powders reached 82% density in uniaxial pressing
and 86% in cold isostatic conditions. The degradation of surface condition
by oxidation of metal nanopowders due to storage further limits the green
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density values obtained. Andrievski showed such a decrease of the final
green density of metal nanopowders after storage (see the two data points
in Fig. 3b). Noteworthy also is the minor density difference after storage in
air and argon. In contrast, adsorbed humidity in ceramics is at significantly
lower levels. The adsorbates on Si3N4 powders were about twenty fold less
than to Ni powders of same grain size (50 nm).[71] As a result, most ceramics
are far less sensitive to storage in humid conditions.[4] However, the level
of adsorbed gases such as CO, CO2, N2 and H2 in ceramic nanopowders
may be quite high.[72][90] Even in very controlled preparation conditions
such as in inert gas condensation, nanopowders may retain high levels of
adsorbates.[73]

(a)

Figure 3. Pressure effects on the cold compaction of 15 and 50 nm Ni powders and 26 nm
Fe powders (from Refs. 72 and 93); (a) uniaxial pressing, (b) cold isostatic pressing (CIP).
Note slightly higher density values for CIP than for uniaxial compaction. The two data points
in (b) are for air stored (square) and argon stored (full triangle) Ni powders.[72]
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Warm Compaction. To eliminate adsorbates and enhance inter-
particle bonding, warm compaction at temperatures up to 675 K has been
largely applied to nanopowders. For most metal nanopowders, these
temperatures are still in the cold working regime. Selection of such
temperatures below recrystallization is purposely sought to prevent grain
growth.[90][94] Only for low melting point materials, compaction at room
temperature may induce recrystallization and sintering effects. For in-
stance, in Bi-Sb system, cold pressing at 350 MPa yielded an 89% dense
specimen while grain size doubled.[100] Significant work in warm compac-
tion has been carried out for metal nanopowders by Weertman and co-
workers.[73][101]–[103] The IGC processed powders were densified under
high pressure application (1.4 GPa) for 5–900 min at temperatures between
375 and 575 K.[101][102] Densities exceeded 95%. Higher densities were

(b)

Figure 3. (Cont’d.)
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obtained when volatile contaminants were carefully eliminated based on
studies of gas desorption temperatures and kinetics.[73][103] The main
purpose of such studies was to minimize the consolidation artifacts which
hindered the accurate characterization of the mechanical properties of
nanomaterials. High pressure compaction (1 GPa) at 525 K also resulted in
high densities of TiAl intermetallics.[104] Ceramic nanoparticles have also
been densified under high pressures at low temperatures. Warm compac-
tion at 675 K of 70–80 nm TiN powders resulted in densities exceeding
90%.[90] Similar to metals, the degassing of ceramic powder contributes to
high densities.[45][68] The key to achieving such high densities by cold or
warm compaction is clean particle boundaries that allow interatomic forces
to come into play, thus, providing better intergranular bonding. Higher
compaction temperatures and, consequently, slightly larger grain sizes may
also allow plastic deformation to contribute to nanometal densification.[7][102]

2.5 Pore Size and Its Effects on the Densification
Behavior

Similar to conventional powders, full density or rapid sintering of
nanosize powders is achieved when the green structure contains a narrow
pore size distribution. Conversely, densification is retarded or inhibited
when pore distribution is wide. In this case, big pores become larger and
only small pores shrink. The removal of large pores is a lengthy process and
requires higher temperatures. This way, the overall effect of large pores is
to slow densification and induce undesirable coarsening.

A thermodynamic model of the pore shrinkage was developed by
Kingery.[105] Based on curvature considerations, he predicted the pore size
for the transition between pore shrinkage and pore growth. A complicating
event is the separation of large pores from the grain boundaries that occurs
in final sintering stages. Brook developed pore–size-grain size maps to
designate the regions where such pore separation from grain boundary
occurs.[106] When pore–grain-boundary breakaway takes place, the de-
tached pores will no longer benefit from easy transport paths such as grain
boundaries. Instead, transport is by slower volume diffusion and, conse-
quently, densification occurs at a slower rate. This is the stage when open
porosity breaks down and pores become closed. Since grain boundary
migration is no longer restricted by pores, grain coarsening takes place, or
pinning of grain boundary migration due to residual pores is no longer
effective. Therefore, in the final sintering stage, densification is hindered
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and significant grain growth occurs. Mayo, et al., extended Kingery’s
treatment to second stage sintering of nanoceramics and demonstrated that
they also obey Kingery’s critical ratio for pore shrinkage.[107][108] Full
densification is likely to occur when all pores are smaller than the critical pore-
to-grain size ratio. Large pores are more likely to undergo the pore-boundary
separation. This prevents high densities from being achieved. The effect of
large pores from a non-uniform green structure on final sintering of nanopowders
is even less forgiving than for normal grained powders. If coarsening occurs
in late sintering stages, the overall notion of nanograin size is compro-
mised. Experimentally, a strong correlation between the closure of
open porosity and the onset of exaggerated grain growth was noted in both
ceramic and metal nanopowders.[42][63][72][107][109]–[113] As seen in Fig. 4a
for Ni and TiO2, accelerated grain growth occurs at densities above 90%
or when the pores become closed. Often, the final grain size upon full
densification is close to 1 µm, or the materials are no longer nanocrystalline.
In contrast, no exaggerated grain growth takes place upon densification of
non-agglomerated Al2O3 powders (Fig. 4a).

Figure 4. (a) Exaggerated grain growth in Ni and TiO2 when porosity becomes of closed
type.[72][104] The densification behavior for non-agglomerated powders is shown for
Al2O3.[60] (b) The effect of dopants on grain growth of TiO2.[113]

(a)
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Large pores usually originate from agglomerated powders. As
shown in Sec. 2.4, nanoparticles are inevitably linked to a high agglomera-
tion tendency. Although agglomerates are more often reported in ceramic
nanopowders, they have been also noticed in metals.[56][114] For instance,
Trusov, et al., gave experimental evidence that aggregates of ~1 µm may
be found in 10 nm metallic powders.[56] Agglomerated powders have a
bimodal pore distribution with small inter-agglomerate and large intra-
agglomerate  pores. The removal of large inter-agglomerate pores based on
vacancy diffusion requires significantly higher temperatures and longer
sintering times. Mayo, et al., compiled evidence for three TiO2 powders
showing that sintering temperature scales with agglomerate size, rather
than with size of the individual powder particle (Fig. 5). Also noteworthy
in Fig. 5 is that the smaller the particles, the larger the agglomerates. The
non-agglomerated powders sinter at the lowest temperature, despite their
largest nanoparticle size. See NA (<40 nm) data points in Fig. 5.

(b)

Figure 4. (Cont’d.)
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Based on the observed dependence of the sintering process on pore
size, Mayo developed a modified sintering law that directly accounts for
pore size effects on the densification rate:[4]

Eq. (5) ( ) 
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where ρ is density, d is the particle size, n is a constant dependent on the
sintering mechanism, r is the pore radius, Q is the activation energy, R is
the gas constant, and T is the absolute sintering temperature. This equation
predicts that the highest densification rate occurs for the finest pore size. It
was found to hold throughout the sintering process and for a large range of
pore sizes, at least when pore size distribution is uniform. This relationship
has two implications. First, the pore size, in addition to grain size, should
be controlled during sintering. Fast sintering kinetics result when pore sizes
are small. Second, the densification rate is dictated by the instantaneous
pore size, not only the initial pore size. Therefore, to maintain a fast
sintering rate in late sintering stages, the pore should remain small even in

Figure 5. The effect of agglomerate size on the sintering temperature of nano-TiO2.[107]

Agglomerate size (particle size): 1) Non-agglomerated (<40 nm), 2) 80 nm (16 nm), 3) 340
nm (8–10 nm). (With permission from Elsevier Science.)
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late sintering stages. A small pore size throughout the sintering process is
also critical in controlling the final grain size. For these purposes, a small
and uniform pore population is desired in the green compact. Most often,
such a pore distribution is associated with a high green density in non- or
weakly agglomerated powders.[4][92][115][116] As early as 1981, Rhodes
demonstrated that de-agglomeration of a commercial ZrO2 may reduce
sintering from 4 h at 1775 to 1 h at 1375 K.[87] In the past years, efforts to
produce non-agglomerated powders have intensified. A good summary of
the progress in producing non-agglomerated ceramic powders may be
found in Mayo’s review.[4] The benefits of a small pore size and narrow size
distribution in reaching high densities and reduced grain coarsening have
been shown by many researchers in non-agglomerated Al2O3

[60][117] (see
also Fig. 4a), Y2O3 and ZrO2,

[63][64][115] SnO2,[116] and TiN[30]nanopowders.

2.6 Grain Growth

The success in nanopowder consolidation is intimately related to
the control of the competition between densification and coarsening. As
shown in Sec. 2.1, the driving force for densification is largely due to the
extreme curvature of nanoparticles. As sintering progresses and grain
boundaries are created, the driving force, ∆p, for mass transport may be
expressed as a Gibbs-Thomson effect:[118]

Eq.(6)
rd

p b γγ 22
� +=

where γb is the grain boundary energy, d is the average grain size, γ is the
surface free energy, and r is the radius of curvature of pore surfaces. The
first term is the grain coarsening tendency, while the second is the sintering
driving force. When pores are small, sintering predominates or the pores
control grain growth. When particles bond and grain sizes are small, the
driving force for coarsening becomes important. The key to nanopowder
consolidation is to control this coarsening which inevitably competes with
sintering.

The thermal stability of nanocrystalline materials has been the
subject of recent reviews[119][120] or covered by a number of general
reviews.[8][10] Here the attention is mainly on grain growth during sintering.
In nanomaterials, grain coarsening is described by an equation similar to
that of conventional materials:
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Eq. (7) dn - dn
0  = kt

where d is the average grain diameter, d0 is the initial grain diameter, n is
the grain growth exponent, k is an Arrhenius type constant, and t is time.
Koch and coworkers summarized the n values for the isothermal grain
growth of nanocrystals and compared them to those for conventional
polycrystalline materials.[120] At low temperatures, n values are high or
grain growth is slow, similar to regular materials. Such increased n values
are rationalized by restricted grain boundary mobility which is most
commonly due to pore or solute effects. In nanocrystalline materials such
as iron, Mallow and Koch found an average n value of 12 at low tempera-
tures but the n value decreased with increasing temperatures in the same
way as for the coarse grained materials.[121] In ZrO2-3 mol% Y2O3 ceramics,
n is larger than four at low temperatures and decreases to three at interme-
diate temperatures.[4] In other cases, constant n values were reported, e.g.,
n  = 4 in grain growth during sintering of Al2O3

[122] or n ≈ 3 in TiO2 and yttria
stabilized ZrO2.

[4][41][123]

Activation energies for grain coarsening are generally difficult to
assess particularly when the n exponent deviates from the ideal value of
two. Malow and Koch compiled the existing activation energy data for
grain coarsening in consolidated nanosize metals, intermetallic compounds,
and ceramics.[120] In most cases, the activation energy is close to that of
grain boundary diffusion, which is similar to large grained materials. Some
exceptions were found for elemental nanometals with activation energies
equal to that of lattice diffusion.[121][124] Two apparent activation energy
values were calculated in nanocrystalline Fe: a low value for low tempera-
tures (125 kJ/mol) and a high value (248 kJ/mol) corresponding to high
temperatures.[121] The latter value was close to that of volume diffusion in
iron and is similar to the value found in coarse grained iron. The low
temperature value is less than that for grain boundary diffusion. A low
activation energy value for grain coarsening in early sintering stages was
also calculated by Thunissen, et al., in ZrO2-5.8 mol% Y2O3, although some
uncertainty may be due to an unknown n value.[41] Eastman also reports a
low activation energy for grain growth (83 ± 40 kJ/mol) in nano-TiO2.

[123]

However, any speculation for a new mechanism based on these low
activation energy values is risky because of the reported uncertainties in
impurity or porosity levels, as well as the lack of specific diffusion data in
nanomaterials for direct comparison.

The influence of pores on grain coarsening has been well docu-
mented theoretically[4][125][126] and experimentally, particularly in ceram-
ics.[42][107][127][128] As shown in Sec. 2.5, the presence of open pores in
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nanopowders inhibits grain growth similar to the way pores prevent grain
coarsening in ordinary grain sized ceramics. As soon as the pore isolation
occurs, grain growth is unrestricted (Fig. 4a). The pinning action of the pores
is, however, difficult to predict. Gupta established an empirical direct
relationship between density and grain size in the intermediate stage sinter-
ing.[129] On a better fundamental basis in a pore controlled grain growth model,
Liu and Patterson found a linear relationship between the inverse of grain size
and the pore surface area per unit volume.[130] This model, similar to Zener’s
drag effect, is valid only for an immobile pinning phase. Therefore, the
experimental verification of this model was performed on materials that have
either open pores (e.g., in UO2 between densities of 62 and 86%) or dopants
that suppress pore breakaway (e.g., MgO additions in Al2O3). This relation-
ship holds experimentally for metals (Cu, W), as well. A further improvement
in grain growth predictions may be accomplished if the modeling of pore
closure is achieved.

The simplest way to control grain coarsening is to take advantage
of the pinning effect of open pores and limit the density to ~90%, if this
density is acceptable for the final product. To limit grain size beyond 90%
density, a small and uniform pore size distribution in the green compact is
desired. As shown in Eq. 5, small pores enhance densification because
densification rates scales with the inverse of pore size , while a large number
of pores (i.e., many small pores rather than a few large pores) pin the grain
boundaries in an effective manner.[4][108][116][122] Other strategies to control
grain growth after pore closure include kinetic and thermodynamic ap-
proaches.[10] The coarsening kinetics may be slowed down by restricting
grain boundary mobility using a solute drag or particle pinning effect. Small
particles or second phase precipitates stabilize a fine grain size upon heating
at high temperatures, as long as particles do not dissolve or coarsen. The
maximum grain size (dmax) is dependent on the particle size, rp, and volume
fraction, f, by a relationship given as Zener drag:

Eq. (8)
f

r
d

p
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The solute drag effect is based on the decrease of grain boundary
mobility and free energy when solute segregates at grain boundaries.
Theoretically and experimentally, it was shown that grain boundaries in
nanomaterials have increased solubilities for solute atoms.[10][131][132] The
enrichment of the grain boundary with solute atoms has been shown to
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diminish or even reverse the free energy available for grain growth.
Weissmuller demonstrated that segregation at grain boundaries reduces the
grain boundary specific energy, σ,  to zero or negative values.[10][132] In
these cases, the nanocrystal becomes thermodynamically metastable with
respect to grain growth. The experimental verification of the grain growth
metastability theory was performed in the Y-Fe system and a good stability
of grain size was found in alloys that contain up to 20 at% Fe.[132]

Experimentally, dopants in ceramics have been widely used to
suppress grain growth by providing a drag force on the moving boundaries
or forming secondary phase particles.[42][113][127][133]–[135] For instance, Hahn,
et al., found that 6% Y addition to TiO2 retarded grain coarsening to >95%
density, thus retaining a grain size less than 100 nm[113] (see Fig. 4b).
Terwilliger and Chiang showed that Ca and Sn are grain growth inhibitors
in 95% dense nano-TiO2.

[133] Perhaps one of the most dramatic effects of
dopants is the addition of 6% Ca to CeO2 that retained a 30 nm grain size
after full sintering by heating at 10 K/min to 1625 K.[135] In the same
sintering conditions, undoped CeO2 reached a grain size of 400 nm. Grain
boundary chemical segregation of 5% Nb was very effective in suppressing
grain growth of milled Fe3Si.[136] Promotion of chemical ordering in
intermetallics [Ni3Al, Fe3Si and (Fe, Mn)3Si] also retards grain growth by
reducing grain boundary mobility.[137]

If no dopants are desired because of their negative effect on the
final properties (e.g., on dielectric[62] or mechanical[74] properties), sinter-
ing under pressure may be another effective means to suppress grain
growth. This approach is discussed in Secs. 3.3 and 3.4.

3.0 METHODS FOR FULL DENSIFICATION OF
NANOPOWDERS

3.1 Characterization of Nanomaterials Densification:
Density and Grain Size Measurements

To investigate any consolidation results, two main characteristics
are usually examined: density and grain size. When analyzing different
nanopowder densification methods, caution is required when comparing
reported density and grain size values. This is due to the diversity of
measurement methods and their inherent experimental errors. Some issues
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related to these measurement techniques for nanoparticles and theoretical
density values are briefly addressed below.

Density Measurements. The density may be displayed as a physical
value or a percentage of the theoretical density. The theoretical density value
of nanocrystalline materials is controversial. Some argue that a lower density
value in nanocrystals may arise due to a large volume fraction of grain
boundaries which, in turn, may have lower densities than adjacent crys-
tals.[138]–[141] A more detailed discussion on the theoretical density value of
nanocrystalline materials may be found in Ref. 142. Another source of
theoretical density error is the uncontrolled presence of a secondary phase
such as remaining oxides.[77][81]

Experimentally, density measurements are usually performed using
Archimedes’ principle. The errors associated with this method derive mainly
from thermal and surface effects, pore presence and specimen size. The
reproducibility of density values is within ~ 2%. To increase the accuracy of
density measurements, some higher density immersion liquids (e.g., ethyl
phtalate or methylene iodide) may be used. Larger specimens result in less
density error. For specimens with interconnected porosity, prior impregna-
tion is required. [143] The ultimate indication of pore elimination is by positron
annihilation spectroscopy. This technique is very sensitive to ultra-fine pores,
which are otherwise difficult to observe even in TEM. It has been used to
study densification by monitoring the pore sizes as a function of sintering
parameters.[144][145] Further information on nanopores and their distribution
may be furnished by small angle x-ray or neutron scattering and BET
(Brunauer, Emmett, Teller) nitrogen adsorption methods.[4][30][42][108][110][146]

Similar to other porosimetry techniques, BET is suitable only for open
porosity. Some more sophisticated pore size characterization has been
performed using three dimensional scanning tunneling microscopy (STM) in
cold compacted metals produced by the IGC method.[147]

Grain Size Measurements. This type of measurement is commonly
carried out by x-ray diffraction (XRD) and electron microscopy techniques
(TEM or high resolution SEM). In TEM and SEM, grain sizes are measured
directly and grain size distribution may also be obtained. In contrast, XRD
techniques provide only an average grain size. These techniques rely on the
dependence of broadening of Braggs’ reflections on grain size. Corrections
for instrumental broadening must be made. Scherrer analysis is straightfor-
ward and assumes that the broadening of x-ray peaks is only due to the small
crystallite size. The Warren-Averbach (WA) method is more sophisticated
and accounts for broadening caused by internal stresses, as well. Further-
more, the WA analysis may distinguish between broadening due to grain size
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and to intrinsic faults and twins. Therefore, measurable differences may be
found between Scherrer (larger values) and WA (smaller values) results and
also when using different x-ray peaks for grain size calculations. The
Scherrer method yields a volume-weighted average while the WA yields an
area-weighted average grain size. Typically, these two averages differ by a
factor of 2.[10] Nieman, et al., report a smaller error (10–25%) in grain size
determination by the WA method for grain sizes up to 25 nm but the error
may be up to 100% when the grain size exceeds 50 nm.[96]

Generally, average TEM grain size and x-ray results are in good
agreement, particularly for the WA analysis with strain and fault correc-
tions.[10] As expected, the best agreement is found when the grain size
distribution is narrow (e.g., Ref. 61). When it is large, the TEM method is
preferable. In only in a few cases, large discrepancies are reported between
microscope and XRD measured grain size.[42][148] For instance, Hahn, et al.,
reported SEM grain sizes to be four times larger than XRD line broadening
data.[42] However, in this case, the SEM size was found to be that of
agglomerates rather than that of individual nanoparticles. More details
about grain size measurement methods in nanocrystalline materials may be
found in Refs. 10 and 119.

3.2 Conventional Sintering

Both ceramic and metal nanopowders have been fully densified by
conventional (pressureless) sintering. As pointed out in Sec. 2, sintering of
nanoparticles is expected to take place at significantly lower temperatures
due to an increase in driving force. These lower temperatures may minimize
or even eliminate the use of sintering additives or grain growth inhibitors.
For instance, Siegel, et al., sintered nanophase TiO2 at a temperature 600 K
lower than for conventional sintering, thus avoiding the need for sintering
aids.[145] In some other systems such as WC-Co, the low sintering tempera-
tures required to consolidate nanopowders may render the grain growth
inhibitors unnecessary.[40] However, little research has been performed in
understanding the interplay of dopant and pore effects to inhibit grain
growth. A better understanding of the mechanism by which grain growth
is inhibited may result in significant payoffs.

Ceramic Sintering. The benefits of fine grain sizes in ceramic
sintering were  reported more than 30 years ago when the sintering onset for
very fine grained MgO was found as low as 625 K.[1] Low temperature
sintering of ceramics has been achieved in fine grained ceramics in the



147

1980s.[62][72][87][149] Rhodes sintered the centrifugally cast ZrO2-6.5 mol
Y2O3 to 99.5% density at 1375 K to a final grain size of 200 nm.[87]

Colloidally processed alumina sintered to 99.5% density at 1425 K.[149]

Similar attempts to sinter ZrO2 achieved 98% density at 1493 K when Y2O3

was the additive and 93% at 1208 K when the additive was Bi2O3.
[72] In both

latter cases, the final grain size was 600–700 nm. Lately, intensified efforts
on sintering nanograined ceramic powders (ZrO2, Al2O3, CdO, and TiO2)
by pressureless sintering resulted in fully dense ceramics with restrained
grain growth. The sinterability of ceramic nanopowders has been greatly
enhanced by improvements in nanopowder synthesis, particularly the
control of nanopowder agglomeration.[4][60][150][151] Examples of dense
ceramics that have retained nanosize grains up to 100 nm by conventional
sintering are provided in Table 3. As seen in this table, full densification
without grain coarsening has been achieved predominantly in the ZrO2

system. This system has received substantial attention for two main
reasons.[4][41][48][63][87] First, ZrO2 has the slowest coarsening tendency
among ceramics. Second, the pore size does not seem to affect grain
coarsening.[4] Certainly, a better understanding of sintering and coarsening
competition in other systems will improve our ability to fully densify them
while retaining nanosize grains.

In the sol-gel titania, the final nano-range grain size is attributed to
a transformation enhanced sintering.[69] This is in contrast to the results of
Mayo who found that phase transformation during sintering of titania
promoted grain growth.[109][153] A complicating factor in this comparison
is powder agglomeration. The latter powders were agglomerated while the
former had a low degree of aggregation. The exact role of phase transfor-
mation and powder agglomeration in pressureless sintering is certainly
worth further attention. In conventional sintering of coarsely grained
ceramics, high densities and smaller grain sizes may be achieved by using
fast heating rates. The explanation is based on bypassing the low tempera-
ture range where the effect of surface diffusion is predominant and grain
coarsening takes place. The theoretical predictions require heating rates on
the order of 100 K/s to avoid surface diffusion contribution in early
densification stages.[154] The only results consistent with this theory were
achieved in sintering alumina and titania nanoparticles to high densities
(95%) by using a heating rate of ~100 K/s.[59] Otherwise, the effect of
heating rate on nanoceramic densification seems to be controversial. On
one hand, no effect of heating rate in the range of 2–200 K/min on grain size
and retarded densification have been noticed in 35 nm ZrO2-3% Y2O3.

[48][155]

On the other hand, sintering with a similar heating rate (> 100 K/min)
resulted in high densities and small grain sizes in Y-TZP.[156] A practical
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problem in the fast sintering of low thermal conductivity nanoceramics is
the flaw formation as a consequence of thermal gradients.[48] These results,
along with enhanced sintering at low temperatures, emphasize the complex
and unclear role of surface diffusion in the sintering of nanopowders which
certainly warrants further studies.

Metals. Conventional sintering has been less successful when
applied to nanosize metals and intermetallics compared to nanoceramics.
For instance, full densities have been achieved only in a few cases such as
pure Ni and Fe-(Fe, Mo)6C powders.[157][158] Rate controlled sintering of pure
Ni resulted in 99% dense specimen with 70–80 nm grain size.[157] However,
for the other cases, the final grain size was 500–600 nm since sintering was
carried out at regular sintering temperatures (> 0.5 Tm). Consequently, warm
compaction has been the preferred way to combine high densities and grain
sizes less than 100 nm in nanometals, as shown in Sec. 2.4. Nanograined WC-
Co powders have been fully consolidated with minimal grain growth by
conventional sintering, but the final grain size was on the order of 100–200
nm.[158]–[161] This final grain size is mainly attributed to the liquid phase
mechanism which typically promotes grain growth. One approach in restrict-
ing grain growth in WC-Co is to use inhibitors.[159] Another promising way is
to explore the sintering temperature depression in the nanoregime to possibly
achieve densification only in the solid state and thus limit the grain growth.[40]

TiAl intermetallics produced by IGC were sintered to >95% density by
conventional sintering at low temperatures (0.4 Tm) with grain sizes less than
15–20 nm.[162][163]

Nano-Composite Densification. Handwerker, et al., summarized
the sintering behavior of ceramic composites.[149] Three different behaviors
are identified in the sintering of viscous matrices. The common rule of mixture
applies only when the volume fraction of the second phase is less than 10%.
Scherrer’s theory for viscous sintering with rigid inclusions applies between
10 and 12%. At higher volume fractions, deviations from both models are
observed. For crystalline matrices, densification rates are lower than theoreti-
cal at all volume fractions, indicating that the second phase retards matrix
densification. Sintering of nanocomposites seems to adhere to the same
mechanisms. For instance, Prabhu and Bourell have observed that the
experimental shrinkage for a nanocomposite of ZrO2-3 mol% Y2O3 with 20
wt% Al2O3 was lower than for the zirconia matrix.[164] The densification
rate of the nanocomposite is not a linear function of the densification rate
of the two components and each phase in the mixture has its own densifi-
cation and coarsening rate. The nanocomposite sintered to a density of 97%
at 1573 K for 1 hour using a pressure of 30 MPa in hot pressing, while
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zirconia sintered to a density of 98% density at 1498 K. The grain size
exceeded the nanometer range (200–300 nm). Similarly, the addition of SiC
particles delayed the densification and grain growth rates of the Al2O3

matrix.[165] In an Al2O3 - 20% ZrO2 composite, densities of 87–97% have
been reached but the final grain size was between 400 and 700 nm.[166] A
final density of 98% was achieved in Al2O3-SiC composite but grain size
was in the micron range.[167] In a Cu-Nb composite, the Nb phase success-
fully restricted grain growth upon conventional sintering that achieved a
high density and retained a grain size of 100 nm.[168]

3.3 Pressure Effects in Nanopowder Consolidation

The classical temperature-pressure trade-off for sintering brings
distinct advantages to nanopowder densification due to the ability to restrict
grain growth. Numerous examples of pressure-assisted sintering of nano-
powders demonstrate enhanced densification with reduced grain growth
compared to pressureless (conventional) sintering.[42][61][84][115][134][169]–[173]

An illustration of the pressure effects on nanopowder densification is
shown in Fig. 6.

An applied stress adds a new component to the curvature related
driving force for densification. The applied mean stress, known as the
hydrostatic stress, induces new plasticity-driven sintering mechanisms, as
well as a stress-assisted diffusion mechanism. Both mechanisms enhance
the densification rate. The shear component of the applied stress causes
particle rearrangement and the collapse of large pores. The particle rear-
rangement and macroscopic deformation of pores increase the number of
particle contacts. This different pore size and distribution is more amenable
to pore removal than in pressureless sintering.[125][128] The main benefit is
the elimination of large pores in agglomerated powder. As shown in Secs.
2.5 and 2.6, the presence of large pores is the cause of the exaggerated grain
coarsening at densities above 90%. If large pores can be eliminated, grain
growth is minimized. Generally, the capability to collapse the pores in
pressure-assisted sintering scales with the shear stress level. This stress
is minimal in hot isostatic pressing (HIP) and increases gradually from
quasi-isostatic pressing to uniaxial pressing in a die (hot pressing), to
uniaxial pressing without a die (sinter-forging) and finally to extrusion.[174]

A shear stress is also beneficial for mechanical disruption of surface oxide
layers which provides better interparticle bonding.
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Figure 6. Pressure effect on the densification of nanoceramics. (a) Density improvement
with the increase in the applied stress during sinter forging of Y-TZP at 1375 K for 14
min;[173] (b) Pressure application yields full density (open symbols) at lower temperatures
than pressureless sintering (full symbols and fitting curve).[63][172] Note that a pressure of
12 MPa has no influence on TiO2 sintering (open star).

(a)

(b)
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In nanocrystalline powders, the effect of the applied stress is
noticeable only if it exceeds the intrinsic curvature-driven sintering stress.
Skandan, et al., analyzed the contributions of the intrinsic and external
pressures.[64][115][175] The applied pressure is independent of the particle size.
The intrinsic sintering pressure increases when the particle size is reduced and
may reach high values as the particles become increasingly small. At this
particle size, the applied pressure has to be higher than the curvature driven
pressure. Consistent with this threshold effect, no external pressure effect
was observed in the densification of ZrO2,

[64][104] TiO2
[107][109][176][177] (see

Fig. 6b) or CdO[178] unless a certain pressure level was achieved. However,
this stress level significantly departed from the threshold values calculated
based on the particle curvature effects. As shown in Sec. 2.1, the intrinsic
curvature stress in nanopowders may be on the order of hundreds of MPa.
The experimentally observed threshold pressure in nanopowders is an order
of magnitude less.[64][107][109][177] This discrepancy may suggest a wide particle
size distribution with large particles which may give only a small contribution
to the intrinsic sintering stress. Alternatively, grain coarsening may occur by
the time the pressure is applied, thus lowering the intrinsic sintering stress.
Many times, pressure application is deliberately carried out only at high
temperatures where the resistance to deformation is less and the pores are
more likely to collapse.[64][107][179][180] As shown in Sec. 2.4, large pores are
more difficult to  fracture, even at very high pressures, when the temperature
is low. If pressure is applied at an elevated temperature, densification of the
compact is much easier. For instance, Schwarz, et al., achieved full density
and retained fine grain size (44 nm) in mechanically alloyed Al5CuZr using a
hot forging technique with pressure applied when the system achieved the
sintering temperature.[179] Similarly, density improvements have been no-
ticed when pressure was applied after heating vs application of pressure
at room temperature in sintering mechanically alloyed iron powders.[180]

The classical pressure-assisted sintering diagrams developed by
Ashby and co-workers[181][182] have been used to describe nanopowder
consolidation.*[61][84][183] For the same pressure level, Bourell, et al., indicated
a change in the sintering mechanisms from stress-assisted densification in
coarse grained zirconia to curvature driven grain boundary diffusion in
nanocrystalline Y-TZP (Fig. 7).[84] Similarly, McKimpson showed an
enhanced boundary diffusion contribution when calculating Ashby maps

* A new and comprehensive model has been developed since the completion of this
chapter. See Suryanarayan, R.,  and Sastry, S. M. L., Consolidation of Nanoparticles—
Development of a Micromechanistic Model, Acta Mater., 47:3079–3098 (1999).
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for hot isostatic pressing of nanosize (Al, Cr)3Ti, Cu, and Al2O3 pow-
ders.[183] However, comparison with experimental HIP results indicate that
the calculated densification rates are consistently overestimated. For in-
stance, 20 nm Al2O3 HIPped for 1 hour at 1625 K under 300 MPa pressure
resulted in an only 84% dense sample. Among the possible reasons is the
retarded densification due to large pores in agglomerated powders. HIP
induces only local shearing stresses and at the lowest levels among the
pressure enhanced sintering methods. However, even these small devia-
tions from a purely hydrostatic stress in HIP have been shown to contribute
to enhanced sintering rates.[184]

Figure 7. Densification maps of (a) regular size and (b) nanocrystalline Y-TZP powders.
(Courtesy of D. L. Bourell.)

(a)
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Shaik and Milligan applied the Ashby model to rapid sinter forging
of milled Fe-Cu nanopowders.[61] They used the experimental green density
(0.8) compared to the theoretical value (0.64) used by Ashby, and also
modified the stress state. Noteworthy is the good agreement with the
experimental results when grain boundary diffusion was considered the
mass transfer mechanism in nanograin powders within micron particle
sizes. Creep was the dominant densification mechanism. The contributions
of yielding and diffusion were significantly less with densification rates
about two orders of magnitude lower than those for creep densification.
When the applied pressure is high, such as in the piston-cylinder method or
explosive forming, plastic deformation may contribute to nanocrystalline
materials densification, despite their high yield stress value. Other mecha-
nisms such as grain boundary sliding and grain rotation may also play a role
in nanopowder deformation sintering such as in sinter forging.[104][185][186]

Grain boundary sliding is assumed to be the main densification mechanism
in severe plastic deformation consolidation.[49]

Figure 7. (Cont’d.)

(b)
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3.4 Pressure-Assisted Consolidation Methods

With only a few exceptions, all known pressure-assisted consoli-
dation methods have been applied for nanopowder densification: hot
pressing, sinter forging, HIP, extrusion, and high pressure techniques. As
already shown in Sec. 3.3, hot pressing and sinter forging involve a
uniaxially applied pressure in a die (hot pressing), or with no die (sinter
forging). In HIP, a fluid transmits a hydrostatic stress. Variants of HIP with
quasi-isostatic stress distribution may be obtained if a fluid-like pressure
transmitting medium is used such as in the Ceracon process.[174][187]

Hot Pressing. Hot pressing gives distinct advantages in compari-
son to pressureless sintering in achieving full densities and minimal grain
growth as shown, for example, in nanograined Fe-(Fe, Mo)6C,[188][189]

TiN,[5] ZrO2-Al2O3,
[164] or TiO2.

[42] Theoretical or near-theoretical densi-
ties and grain sizes less than 100 nm have been achieved by hot pressing
mechanically alloyed Fe-2% Al,[77] Fe-10% Al,[78] Al-10% Ti,[190] Fe,
Fe3Al and Ni3Al[191][192] and TiAl.[193] A grain size of only 16 nm has been
retained in cryomilled Fe-10 wt% Al which was hot pressed at 823 K and
heat treated for 1 hour at 1223 K.[78] This unusual stability is attributed to
nanometer dispersoids of γ-Al2O3 and AlN particles.[78] Similar densifica-
tion results with final nanosize structures have been reported by hot
pressing W-Ti and metal-nitrides composites.[194][195] Hot pressing retained
an amorphous structure in (Fe, Co, Ni)B alloys.[196] Hot pressing of
nanoceramics such as ZrO2,

[64] TiO2  ,
[197][198] and CeO2

[199] or nanoceramic
composites such as ZrO2- Al2O3,[200] Si3N4/SiC,[201] and Al2O3/Ni[202]

achieved full densities and grain sizes below 100 nm, as well. Generally,
the pressures used in hot pressing span a large range from low (<100
MPa),[77][84][164] to moderate (100–500 MPa),[64][78][198] and high pressure
levels (>0.5 GPa).[42][63][191][203] Increasing the pressure diminishes the final
grain size. Some meaningful examples are given by Hahn who sintered
nano-TiO2 to its theoretical density at 725–825 K (~ 0.35 Tm) applying 1
GPa with no grain growth[63] and Araki, et al., who densified mechanically
alloyed Al-10.7 at% Ti powders to 98% under 2 GPa at 573 K with virtually
no grain growth and retention of the initial Al supersaturation.[203] A very
high pressure application (>1 GPa) retained grain sizes less than 75 nm in
nearly fully dense ceramics such as TiO2 and Al2O3 sintered to 95%
density[204][205] and aluminides (Fe3Al and Ni3Al) sintered to 91–95% at
775 K.[191]

Section 3.0 - Methods for Full Densification of Nanopowders
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Hot Isostatic Pressing (HIP). By design, HIP densification
involves longer times and therefore grain growth is more likely to occur
than in hot pressing. The final grain size in dense materials obtained by
HIPping nanopowders may easily reach micron size.[206]–[208] However, a
careful control of HIP parameters, particularly temperature, resulted in grain
sizes of 100–300 nm in ball-milled TiAl and Ti3Al,[209] Fe-10% Cu,[171] Si3N4-
SiC nanocomposites,[210] and sometimes less than 100 nm in FeAl[211] and Cu-
Nb.[212] The latter dense nanocrystalline materials were obtained at tempera-
tures less than 0.3 Tm and pressures between 175 and 300 MPa. HIP was
applied to nanoceramic densification in only a few cases where densities of
91–92% were reached such as in SiC at 2175 K[207] and Si3N4 at 1925 K.[206]

Grain sizes well exceeded nanometer range. One limitation in using HIP for
ceramic densification is the lack of adequate encapsulation materials with
temperatures close to ceramic sintering temperatures.[4]

Sinter Forging. Generally, the stress levels required for densifica-
tion by sinter forging are lower than in hot pressing or HIP. This method
received substantial attention, both theoretically and experimentally, as
applied to ceramic densification.[128][169][185][213][214] The most attractive
benefit in using the sinter-forging technique is the capability of densifying
green compacts with large interagglomerate pores. As shown in Sec. 3.3,
the high shear stresses associated with uniaxial pressure application con-
tribute to the closure of large pores that cannot otherwise be eliminated by
only diffusion. Plastic strains necessary to close large pores are high.
Beyond pore closure, the application of high plastic strains induces dy-
namic grain growth. Therefore, to eliminate large pores and prevent grain
coarsening, large strains must be applied before small pores are eliminated
by diffusion, i.e., during the intermediate sintering stage.[128] For this
purpose, a two-stage sinter-forging (high, then low, strain rate) has been
developed and resulted in the highest densities and smaller grain sizes.[115][177]

Conversely, if large pores are not fractured, such as in some constant load
sinter-forging cases, densification is not complete.[128][186] Sinter-forging
has been extensively applied to nanoceramic particle consolidation such as
zirconia,[64][128][134][173][175][186][215] alumina,[213][216] titania,[104][107][153][177]

and zirconia-toughened alumina.[215] As an illustration of the efficiency of
sinter forging in retaining nanometer grains, Mayo, et al., sinter-forged nano-
TiO2 with a grain size of 87 nm while pressureless sintering gave a 400 nm
grain size for the same final density (91%).[107][109] The benefits of sinter
forging in comparison to HIPping may be seen in Fe-10% Cu powders in
which the former consolidation process achieved 45 nm grains at 800 K and
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525 MPa whereas HIPping at 975 K and 170 MPa yielded a final grain size
of 130 nm.[61][171] In numerous cases, sinter forging was very effective in
achieving full or near full densities and grain sizes less than 100 nm in both
ceramics[64][113][115][177][215] and metals.[61][170][191] Grain sizes even less than
50 nm have been often retained such as in nanocrystalline ZrO2 at 0.4 Tm,[64]

TiO2 at 0.43 Tm,[177] Fe-Cu at 0.44-0.5 Tm.[170][171] Practically, precautions
have to be considered to avoid ceramic specimen fracture at high strain rates
at low temperatures.[128] In contrast, high strain rates may be used in sinter
forging of metals.[61]

Extrusion. Hot extrusion usually involves high stresses that may
be applied at relatively lower temperatures than in other pressure-assisted
techniques, such as HIP. A good grain boundary strength is achieved only
if sufficient diffusion and bonding occur at extrusion temperature. A
compromise is usually sought between the strength, which requires high
temperatures, and final grain size, for which low temperatures are desired.
Hot extrusion has been primarily used to consolidate metal nanopar-
ticles.[217]–[220] Grain sizes less than 100 nm were achieved at 1120 K using
a 0.5 GPa stress in Ni and Fe,[217] Al-Ni-Zr with mischmetal additions under
an extrusion ratio of 10:1,[218] and in Mg-5% Cu-10% Y alloys at 323–773
K with extrusion ratios of 5:1 to 10:1.[220] If the extrusion temperature is
sufficiently low, an amorphous structure may be retained in the latter alloys.

Ultrahigh Pressure Sintering. Pressure levels up to 5–7 GPa
have been attained using piston-anvil devices, cubic anvil cells, and
toroidal- and belt-type apparatuses. Similarly high pressure levels may be
achieved by a new technique known as severe plastic deformation consoli-
dation (SPDC). Shockwave or dynamic consolidation may reach even
higher pressure levels, up to tens of GPa. This latter technique will be
detailed in the next section. Some examples of high pressure sintering have
already been shown in the paragraph on hot pressing. Misra, et al.,
consolidated Al2O3 to near full densities (>99%) and a final grain size of 93
nm at 1223 K using a piston cylinder method to reach 1 GPa.[221] A pressure
of 5.5 GPa consolidated Al2O3 to 95% density and 73 nm grain size at 1073
K in 15 minutes.[205] A bulk nanostructure with 22 nm grain size was
achieved in Al-Fe (Mo, Si, B) alloys by high pressure consolidation (3 GPa)
at 1073 K of alternate amorphous layers of constituent metals.[222] Fully
dense Ni and Cu-50 wt% Ag specimens with ≤ 20 nm grain size were
produced by SPDC.[223][224]

Section 3.0 - Methods for Full Densification of Nanopowders
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3.5 Non-Conventional Sintering Methods

A number of non-conventional consolidation methods have been
applied to nanopowder densification: microwave sintering, shock or dy-
namic consolidation, and field assisted sintering. The main purpose in using
these methods is to enhance densification, thus, reducing the sintering
temperature or time with the ultimate benefit of preserving final fine grain
sizes.

Microwave Sintering. The processing time in microwave sinter-
ing is reduced  compared to conventional heating from external sources due
to the direct energy coupling with electric dipoles within the heating
body.[225][226] These shorter times bring about energy and final property
benefits. Temperature gradients are reduced and an overall short sintering
time minimizes grain growth. In addition, the rapid heating rate can bypass
the low temperature region where the rate of grain growth is higher than the
rate of densification. Since grain boundaries are the primary sites for
electric dipoles, microwave sintering appears particularly attractive for the
densification of nanocrystalline powders. The method has been applied to
ceramic nanoparticles such as TiO2

[227]–[229] and Al2O3.
[229]–[231] In these

materials, only densities less than 95% have been achieved when grain size
was less than 100 nm. For instance, microwave sintering had to be restricted
to 1425 K to maintain a nanometer grain size in γ-Al2O3 which fully
transformed to α-Al2O3.

[231] The final density was 93%. Contrary to
expectations, the density-grain size combinations in γ-Al2O3 were almost
identical to those achieved in more conventional pressureless sintering
experiments at the same temperature.[230] The sequence of phase transfor-
mation in Al2O3 was also similar to that in conventional sintering.

Field Assisted Sintering. Electric field application has been
shown to enhance powder densification thereby achieving higher densities
at lower temperatures or in shorter times.[232]–[235] Variants of field sintering
which involve pulsed current discharge and resistance heating, sometimes
termed plasma activated sintering (PAS), field activated sintering tech-
nique (FAST), spark-plasma sintering, or  pulse electro-discharge con-
solidation, have been effectively applied to nanopowder consolidation. The
enhanced densification in PAS is most noticeable at lower temperatures or
when multiple discharges of current through the powder compact are
applied.[180][232] For non-conductive ceramics, a tentative explanation of
the enhanced densification by multiple discharges is related to the increase
in the dielectric constant with the temperature level at which the discharge
was applied.[74][232] Generally, it is believed that pulsed current application
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promotes the removal of adsorbates or surface oxides due to a possible
plasma generation.[233] This enhances the sinter bonding of particulates.

Field sintering for three minutes at 725 K of mechanosynthesized
Fe-85% Fe3C achieved 99% density with a final grain size of 45 nm.[233]

This is to be compared to HIPping of the same powders at 1025 K for sixty
minutes which yielded the same density but final grain size of 87 nm.
Kimura and Kobayashi fully sintered mechanically alloyed TiAl powders
and retained nanosize grains by spark sintering at 1051–1312 K under
modest pressures (29–147 MPa).[234] Similar to conventional sintering,
they showed that the densification temperature inversely scaled with the
applied pressure.

An alternate electric pulsed-power method induces short, high-
pressure pulses that result in powder densification such as in dynamic
magnetic compaction (DMC).[236][237] Ivanov, et al., obtained up to 5 GPa
pressure and thus consolidated alumina powders to 83% density while
retaining a nanocrystalline structure.[236] The DMC method was applied to
sintering of large parts of nanocrystalline iron and alumina.[237]

Shockwave Consolidation. Dynamic or shockwave consolida-
tion proceeds with the passage of a large-amplitude compressive stress
generated by plate impact or explosion without any external heating.[187][238]

The peak pressure values may be on the order of tens of GPa, thus providing
densification by plastic yielding for both metals and ceramics.[238]–[242]

Localized heating, possibly up to melting temperatures, due to particle
interfriction occurs and enables good interparticle bonding. In nanosize
powders, the heat may transfer throughout the entire particle, thus provid-
ing an advantage over coarser materials where the heating is only superfi-
cial. Best results are achieved when high temperatures are reached before
the shockwave passes. If particles are heated, they may deform rather than
fracture when the stress is applied. This very short, high-temperature
exposure provides the best means to retain fine grain size or out-of-
equilibrium conditions such as amorphous structures,[240] or supersaturated
solid solutions.[242] The major drawback is the difficult coordination of
these short stress and heat application events which result in frequent
specimen fracture (cracking).

Shockwave consolidation has been applied to consolidation of both
ceramic and metal nanoparticles. For instance, fully dense specimens with
grain size of 20 nm were obtained in ball milled Fe-N solid solution.[242] In
the Ti-Si system, shock consolidation yielded 30–40 nm grain size of
crystalline TiSi2 and Ti5Si3 phases.[240] Only limited grain coarsening took
place upon subsequent annealing at 800°C for one hour. Full densification

Section 3.0 - Methods for Full Densification of Nanopowders
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was also reported in mechanically alloyed TiAl specimens with final grain
sizes of 15 nm.[239] These results are compared with HIPping that provided
full consolidation at 1075 K, 207 MPa, 2 hours, but grain sizes were about
100 nm. Ceracon consolidation at 1225 K, 1240 MPa, 1 minute, resulted in
grain sizes of 60 nm in TiAl and 120 nm in Ti3Al.[187]

4.0 SUMMARY

The most distinctive features of the sintering process of nanosize
powders are the high driving force and enhanced kinetics due to large
curvature effects. Densification of nanopowders takes place at temperatures
consistently below those of larger grained powders by up to several hundreds
of degrees. There are numerous benefits from using lower sintering tempera-
tures: small final grain sizes, elimination of sintering aids, avoiding
undesirable phase transformations, and deleterious decomposition or inter-
facial reactions.

Analysis of the nanopowder sintering process provides new insights
into less conspicuous features for regular sintering such as interface structure,
anisotropy, or contaminant and defects role. The atomic mechanisms become
more obvious when smaller scales are approached. When particle size
decreases, new sintering mechanisms such as grain boundary slip, dislocation
motion, grain rotation, viscous flow, and grain boundary melting may also
become operative. Densification of nanopowders has lead to a new and better
understanding of the role of pores in sintering and grain growth.

Densification behavior is largely dictated by pore size and distribu-
tion. A compact with uniform and fine pore structure sinters to full densities
without grain coarsening. Most of the time, such a pore distribution is
associated with a high green density in non- or weakly agglomerated powders.
The recent efforts to synthesize non-agglomerated nanopowders have re-
flected positively on their final densification results. Better control of
synthesis and processing enables fabrication of fully dense nanocrystalline
parts, particularly ceramic, even by conventional sintering. Pressure-assisted
densification applied to nanopowders has also shed light on new stress effects
on sintering, such as the threshold effect. The science and practice of pressure
application has significantly improved with positive results to achieve
sound and dense nanocrystalline parts. This is particularly the case for
sinter forging. Other pressure-assisted sintering techniques are still in the
development stage.
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Although some distinct differences in the densification of nano- vs
micron-grained powders seem to emerge and a better understanding of
nanosintering has been accomplished, the specific effect of densification
variables on the final density and properties of nanomaterials is not well
understood yet. The interdependence of the sintering behavior on size,
chemistry, and structure of nanoscale particles is an area of fruitful future
research. More fundamentally, there is a tremendous need for specific
materials data in the nanoregime, such as diffusion coefficients and surface
energies.
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